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Kurzzusammenfassung
In dieser Arbeit untersuchen wir die grundlegenden Wachstums- und Relaxationspro-
zesse, die es erlauben den Verzerrungszustand von GaN (0001) beim Wachstum auf
Silizium (111) Substraten einzustellen und die resultierende Dichte an Durchstoßver-
setzungen (Threading-Versetzungen) zu reduzieren. Zu deren Analyse werden GaN
(0001) Schichten, die mittels metallorganischer Gasphasenepitaxy auf Silizium (111),
Saphir (0001) und GaN (0001) Substraten abgeschieden worden sind, hauptsächlich
mit transmissionselekronenmikroskopischen Methoden untersucht. Unsere Untersu-
chungen haben im Wesentlichen folgende Ergebnisse hervorgebracht:
(i) Die Einstellung des Verzerrungszustandes von GaN (0001) Filmen mittels
AlxGa1-xN Zwischenschichten beruht auf einer Asymmetrie der plastischen Relaxa-
tion an den beiden Grenzflächen der AlxGa1-xN Zwischenschicht. Fehlpassungsver-
setzungsnetzwerke bilden sich zwar an beiden Grenzflächen aus, jedoch ist der mittle-
re Abstand zwischen Versetzungslinien an der unteren Grenzfläche kleiner, als an der
oberen. Dieser Unterschied führt letztendlich zum Aufbau einer kompressiven Verzer-
rung der aufwachsenden GaN Schicht.
(ii) Plastische Relaxation von verzerrten (0001) Wurtzit Schichten erfolgt im We-
sentlichen durch Bildung von a-Typ Fehlpassungsversetzungen im 13 < 1120> |{0001}
Gleitsystem. A-Typ Fehlpassungsversetzungen bilden sich aber nur dann, wenn die
verzerrten Schichten eine 3-dimensionale Morphologie aufweisen, z.B. durch Insel-
wachstum oder Rissbildung. Eine quantitative Modellierung dieses Prozesses auf Ba-
sis von Rechnungen mit der Methode der finiten Elemente zeigt, dass die kritische
Schichtdicke für die Bildung von a-Typ Fehlpassungsversetzungen wesentlich von der
Oberflächenmorphologie, sprich vom Wachstumsmodus, bestimmt wird. Für eine ge-
gebene Gitterfehlpassung zwischen Schicht und Substrat erfolgt die Nukleation von
a-Typ Versetzungen in Inselecken im Fall von 3-dimensionalem Wachstum bei gerin-
geren Schichtdicken als an der Front von Rissen von ansonsten 2-dimensional gewach-
senen Schichten.
(iii) Eine Silizium Delta-Dotierung der GaN (0001) Oberfläche führt zum Wachs-
tum einer kohärenten Sub-Monolage SiGaN3, die bezüglich des GaN Gitters einer√
3×√3R30° Rekonstruktion entspricht und aus einem Silizium- und Galliumatom,
sowie aus einer Galliumvakanz besteht. Da das Wachstum von GaN direkt auf der
SiGaN3-Monolage (in der Literatur häufig als SiNx-Maske bezeichnet) unterdrückt ist,
tritt ein Übergang zu 3-dimensionalem Inselwachstum auf, das zunächst ausschließlich
in Löchern der SiGaN3-Monolage anfängt. Eine hohe Konzentration von Silizium auf
der GaN (0001) Oberfläche wirkt also als Anti-Surfactant beim epitaktischen Wachs-
tum von GaN. Rechnungen mittels der Dichtefunktionaltheorie liefern eine Erklärung
sowohl für das selbstlimitierte Wachstum der SiGaN3-Monolage, als auch für das Blo-




In this work we study the basic growth and relaxation processes that are used for strain
and dislocation engineering in the growth of GaN (0001) films on silicon (111) sub-
strates. To analyse these processes, dedicated samples, grown by MOVPE onto sil-
icon (111), sapphire (0001) and GaN (0001) substrates, were investigate by means
of transmission electron microscopy. Our investigations have revealed the following
main results:
(i) Strain engineering in GaN (0001) films by means of AlxGa1-xN interlayer is
based on an asymmetry in plastic relaxation between the two interfaces of the
AlxGa1-xN interlayer. Although misfit dislocation networks form at both interfaces
of the interlayer, the average spacing of dislocation lines at the lower interface is smal-
ler than that at the upper one. This difference finally leads to a build-up of compressive
strain in the subsequent GaN layer.
(ii) Plastic relaxation of strained (0001) wurtzite films is caused mainly by forma-
tion of a-type misfit dislocations in the 13 < 1120> |{0001} slip-system. These a-type
misfit dislocations form once the strained films undergo a transition to a 3-dimensional
surface morphology, e.g. by island growth or cracking. Quantitative modelling of this
process, based on finite element simulations, reveals that the critical thickness for nuc-
leation of a-type misfit dislocations depends next to the lattice mismatch mainly on the
surface morphology, i.e. the growth mode, of the film. For a given lattice mismatch,
nucleation of a-type dislocations in the corners of islands for 3-dimensional growth
occurs already at lower layer thickness than at the front of cracks in 2-dimensionally
grown layers.
(iii) Silicon delta-doping of the GaN (0001) surface leads to the growth of a co-
herent sub-monolayer of SiGaN3 that corresponds with respect to the GaN lattice
to a
√
3×√3R30° reconstruction and consists of a silicon and gallium atom and a
gallium vacancy. Since growth of thick GaN layers directly on top of the SiGaN3-
monolayer (commonly called SiNx-mask in the literature) is inhibited a transition to-
wards 3-dimensional island growth occurs, whereby GaN islands exclusively nucleate
at openings in the SiGaN3-monolayer. A high concentration of silicon on the GaN
(0001) surface thus acts as an anti-surfactant in the epitaxial growth of GaN. Our
density functional theory calculations provide an explanation for both the self-limited
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GaN-based devices for solid state lighting (e.g. light emitting diodes, LEDs) and power
electronics (e.g. high electron mobility transistors, HEMTs) have become commer-
cially available in the past years and with further price reduction an increase of their
market share is expected for the future. Since bulk GaN substrates with low dislocation
densities are still expensive and only available in small size and small quantities [1], the
majority of GaN based device structures are grown heteroepitaxially on either sapphire
(0001), silicon carbide (0001) or silicon (111) substrates. Growth of GaN on silicon
substrates (GaN-on-Si) has attracted great interest in the past years [2, 5, 3, 4, 6, 7, 8],
mainly because of the potential to reduce the costs of device fabrication [9] by utilizing
larger area and cheaper substrates in comparison to established technologies based on
sapphire or SiC substrates. However, two major challenges have to be overcome to
realise high quality GaN-on-Si devices. On the one side, the large lattice parameter
mismatch between GaN film and silicon substrate (+20.4%) leads to a high disloca-
tion density limiting the performance of devices. This is, however, not a particular
problem for GaN-on-Si but occurs in general for heteroepitaxial growth with consider-
able lattice mismatch (mismatch for GaN films on sapphire/silicon carbide substrates
is−13.9%/−3.6%, respectively). On the other side, a particular challenge for the case
of GaN-on-Si is the large difference in the coefficients of thermal expansion between
substrate and film, which results in a tensile strain in GaN film upon cool-down after
the epitaxial growth1. This tensile strain typically leads to cracking of the GaN film if
its thickness exceeds a value of about 1 µm [13].
Appropriate strategies to overcome both these problems have been proposed based
on intuition and/or experimental trial. Typically an in-situ Si/N treatment (exposure
of the GaN (0001) surface to a silicon flow while the gallium flow is off) is used
for defect density control [14, 15, 16, 17, 18, 19, 20, 21] and AlxGa1-xN interlay-
ers [13, 22, 23, 24, 25, 26, 27, 28, 29] are inserted into the film structure for strain-
engineering. Though combining both concepts results in thick crack-free GaN (0001)
films on silicon (111) a basic understanding that would allow to tailor the growth pro-
cess with respect to obtain thick layers with minimum dislocation density is actually
missing to large extend.
(i) Strain-engineering with AlxGa1-xN interlayers
As regards the cracking issue due to tensile thermally induced strain, Amano et
al. [22] were the first to show that inserting low temperature AlN interlayers into the
film structure prevents cracking. The general strain-engineering concept of Amano
1For a cool-down from typical deposition temperatures of 1000-1100°C to room temperature the strain
due to the thermal mismatch amounts for GaN on Si to approximately εsiliconthermal = +0.19% (tensile
strain) and for GaN on sapphire to εsapphirethermal =−0.18% (compressive strain) [10, 11, 12].
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has later been applied by Dadgar et al. [13, 23] to the particular case of GaN-on-Si
to counterbalance the tensile thermal strain arising during cool-down. Again this ap-
proach has been found based on experience and intuition, while a basic understanding
of the mechanisms that would allow to tailor the strain management concept is still
missing. In literature it is assumed that the AlxGa1-xN interlayer is (partly) relaxed,
while the subsequent GaN layer on top grows coherently on the AlxGa1-xN interlayer
and thus is compressively strained [23, 27, 28, 29]. Amano et al. [22] proposed that re-
laxation of the interlayer is due to formation of small AlxGa1-xN crystallites that grow
incoherently on the film underneath. Bläsing et al. [28] and Reiher et al. [29] studied
the influence of growth temperature of AlxGa1-xN interlayer on the compensation of
tensile strain. They found by means of X-ray diffraction that AlN interlayers grown
at low temperature (below 900 ◦C) are partially relaxed and thus induce compressive
strain in the subsequent GaN layer, while their counterparts deposited at high temper-
ature (1145 ◦C) grow pseudomorphic. Thus a decoupling of the GaN layer separated
by the interlayer is not observed. Other authors, however, have in contrast to the res-
ults of Bläsing et al. [28] and Reiher et al. [29] demonstrated that strain-engineering
is possible also with high temperature AlxGa1-xN interlayers [24, 25, 26]. If we leave
the discrepancy of the influence of growth conditions on the strain relaxation process
aside, there is an even more intriguing question. It is far from intuitive that a thin (ap-
proximately 10 nm) AlN interlayer relaxes plastically, while a much thicker (typically
1 µm and more) GaN layer grows coherently strained on top of the relaxed AlN inter-
layer. These apparent inconsistencies have their common origin in the more general
problem that plastic relaxation of (0001)-oriented wurtzite heterostructures is not well
understood at a quantitative level until now. In literature there exist models for plastic
relaxation of (0001)-oriented strained wurtzite films that consider the important aspect
of how misfit dislocation are formed, e.g. by a “cooperative mechanism” [30, 31, 32]
or by a “punch out mechanism” [33]. However, they all describe the process only
qualitatively. Quantitative models presented in literature so far, e.g. Holec et al. [34],
however, neglect the kinetics of misfit dislocation formation and do not agree with
experimental results.
(ii) The anti-surfactant effect of silicon in the epitaxial growth of (0001)-oriented
GaN films
A commonly applied method to reduce the threading dislocation density in GaN
films is a kind of nanoscopic lateral overgrowth that takes place after an in-situ Si/N
treatment of the GaN (0001) growth surface (exposure of the GaN (0001) surface to
a silicon flow while the gallium flow is off) [14, 15, 16, 17, 18, 19, 20, 21]. The
fact that this in-situ Si/N treatment causes a transition from 2-dimensional towards 3-
dimensional growth [15, 16, 17, 18, 19, 20] has often be assigned to an anti-surfactant
effect of Si in the epitaxial growth of GaN [15, 16, 35, 36]. The transition towards
3-dimensional growth in case of a high silicon surface coverage has been attributed in
literature to a partial “masking”’ of the GaN (0001) growth surface by Si (commonly
called “SiNx-mask”). While Tanaka et al. [16] considered a sub-monolayer coverage
with Si-N bonds to cause this masking of the surface, Rosa et al. [36, 37] showed
with the help of ab-initio calculations that for Si-rich and N-rich growth conditions
the GaN (0001) surface is thermodynamically unstable against the formation of β -
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Si3N4 islands, which chemically passivate GaN surfaces. However, so far there is no
direct experimental proof in literature neither for the SiNx model proposed by Tanaka
et al. [16] nor for the Si3N4 model by Rosa et al. [36, 37]. A TEM analysis by Kuwano
et al. [38] has indeed shown that the “SiNx-mask” is a thin crystalline layer (thickness
less than 1nm), which shows an epitaxial relationship with the GaN lattice and contains
a certain amount of silicon. However, because aberration correction TEM was not
common at that time, the exact atomic structure of the “SiNx-mask” remained unsolved
so far. Consequently, any explanation on the physical or chemical mechanism of how
the “SiNx-mask” prevents growth of GaN growth on top of it remained speculative.
1.1. Outline of this thesis
In this thesis we develop, based on transmission electron microscopy studies of ded-
icated samples, a predictive quantitative model for strain relaxation in the epitaxial
growth of in (0001)-oriented wurtzite heterostructures. We investigate growth and
relaxation of AlxGa1-xN on GaN and the overgrowth of GaN on AlxGa1-xN step by
step for different growth temperatures. Furthermore, we analyse the effect of Si as an
anti-surfactant in the epitaxial growth of GaN (0001) by a combined effort of transmis-
sion electron microscopy studies and ab-initio theory provided from the Max-Planck-
Institut für Eisenforschung.
The thesis is organised as follows. In chapter 2 we will give a short overview on
the main experimental techniques that we use for our studies. We then will present
results, modelling and discussion of our experimental work. We will start with an
investigation of the strain-engineering process with AlxGa1-xN interlayer in chapter 3.
In this chapter our aim is to explain the build-up of compressive strain in GaN films by
AlxGa1-xN interlayers on a purely phenomenological basis. In the following chapter 4
we will then focus on the microscopic mechanisms leading to plastic strain relaxation
at the interfaces of AlxGa1-xN interlayers. With the help of our experimental results and
finite element method calculations we will derive a quantitative model for the growth
and plastic relaxation mechanism. This model, however, is not limited to the case
of AlxGa1-xN interlayer but can be applied to any (0001)-oriented strained wurtzite




2. Theoretical background and
experimental methods
2.1. Dislocations and slip-systems in the wurtzite
lattice
In this section we give a brief overview on dislocations and slip-systems in the wurtzite
lattice. For a more detailed introduction into the theory of dislocations, we refer the
reader to respective textbooks by e.g. Hirth and Lothe [132] or Hull and Bacon [178].
The III-nitrides (AlN, GaN and InN) crystallise in the wurtzite structure. In this
crystal structure 3 different types of perfect dislocations are possible: (i) a-type dislo-
cations, which have a Burgers-vector of b⃗= 13 < 1120 > corresponding to an in-plane
a-lattice vector lying in the basal plane, (ii) c-type dislocations with a Burgers-vector
of b⃗ =< 0001 > , i.e. a c-lattice vector in the wurtzite lattice, and (iii) a+c-type dis-
locations with b⃗ = 13 < 1123 >. In case of (0001)-oriented strained III-nitride thin
films, however, only a-type and a+c-type dislocations can contribute to plastic relaxa-
tion of lattice mismatch at heterointerfaces. This is because only these two dislocation
types have a component of their Burgers-vector, which would lie in the interface of a
strained heterostructure (only such component is able to relax misfit strain). The pro-
cess of plastic relaxation itself proceeds by formation of misfit dislocations at the inter-
face by motion of dislocations (either pre-existing or new nucleated dislocations) into
the heterointerface. Motion of dislocations in the crystal lattice occurs typically under
the influence of shear stresses by glide on slip-planes. Possible slip-systems1 of a-type
and a+c-type dislocations in the wurtzite lattice are schematically shown in Fig. 2.1.
Parameters, which are relevant for the discussion of the plastic relaxation process,
such as the interplanar spacing of the slip planes, the modulus of the Burgers-vector,
the line direction of the dislocation in the interfacial plane, the Schmid factor and the
Peierls stress at typical growth temperatures are summarised for all considered slip-
systems in Table 2.1. The line direction of the dislocation in the interfacial plane is
given by the line of intersection of the slip plane and the heterointerface. The Schmid
factor S defines for a given slip geometry the magnitude of the resolved shear stress
acting on a dislocation due to the misfit stress [179]. It is given by
S= cosα · cosβ , (2.1)
where α is the angle between the Burgers-vector and the direction in the strained in-
terface, perpendicular to the dislocation line and β is the angle between the slip plane
1A Slip-system is given by the combination of a slip-direction and a set of slip-planes for which
dislocation motion occurs [178].
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Figure 2.1.: Possible slip-systems in the wurtzite lattice. Blue, red and green shaded
planes denote prismatic, basal and pyramidal slip planes, respectively.
Solid and dashed black arrows indicate the Burgers-vector of the dislo-
cation and the resulting dislocation line direction in the interfacial (0001)
plane for each slip-system, respectively.
and the normal of the strained interface. The Peierls stress can be considered as a lat-
tice frictional force that the dislocation has to overcome during its motion on the slip
plane through the periodic potential of the crystal [132]. In the original form in the
framework of the Peierls-Nabarro dislocation model [133, 134] the Peierls stress σP is
derived from a purely phenomenological consideration and depends essentially on the
ratio of the interplanar spacing of the slip planes and the modulus of the Burgers-vector
d
b [132]. Chidambarrao et al. [135] have presented a modification, which includes also
a temperature dependency of the Peierls stress σP. For a pure edge dislocation the


















where µ is the shear modulus, ν is Poisson’s ratio, N is the number of atoms per unit
cell volume, k is the Boltzmann constant and T is the temperature.
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2. Theoretical background and experimental methods
2.2. Sample growth by metal-organic vapour
phase epitaxy
The samples studied in this work have been grown by metal-organic vapour phase epi-
taxy (MOVPE). MOVPE is a technique to grow epitaxially2 thin crystalline films on a
crystalline substrate. In the following section we will give a brief introduction about
the thermodynamic framework and basic principle of metal-organic vapour phase epi-
taxy. Further details of MOVPE and on epitaxial growth in general can be found in
specialised literature (see e.g. Ref [40, 41, 42, 43] ). Finally, we will very briefly de-
scribe the experimental setup for the sample growth and give an overview about the
sample structure.
2.2.1. Thermodynamic framework of vapour phase epitaxy
Very simplified, epitaxial growth from the vapour phase can be described as a phase
transition of species from their vapour to their solid phase. We can apply basic concepts
of thermodynamics to describe this phase transition. In case of homoepitaxy, where
film and substrate material are the same, the vapour-solid system is in thermodynamic
equilibrium if the condition
∆µ = µ ivapour−µ isolid = 0 , (2.4)
is satisfied [40]. The terms µ ivapour, solid are the chemical potentials of material i in
the vapour and in the solid phase, respectively. However, at thermodynamic equilib-
rium no net crystal growth occurs. To induce a net crystal growth an excess Gibbs free
energy (∆G) due to supersaturation of the growth relevant species at the growth front
is necessary [40]
∆G= ∆µ > 0 . (2.5)
For an ideal gas the difference in the chemical potential is given by [40]




where R is the gas constant, T is the temperature, p is the partial pressure of the
gas and p0 is the equilibrium or saturated vapour pressure at the temperature of the
solid, respectively. Hence, epitaxial growth will occur if the partial pressure of the gas
is higher than p0, i.e. if there is a supersaturation of the vapour phase at the surface of
the solid.
In case of heteroepitaxy, where the film and substrate material are different, one has
additionally to consider the change in surface free energy (∆γ) and the contribution of
elastic energy due to a possible lattice mismatch strain (Estrain) [44]
2The word epitaxy comes from the Greek words epi and taxis meaning above in an ordered manner.
Epitaxial growth thus refers to the continuation of the crystallographic alignment of atoms in the
crystalline substrate into the crystal film [39].
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∆G= ∆µ−∆γ−Estrain , with (2.7)
∆γ = γ f ilm− γsubstrate+ γinter f ace , (2.8)
where γsubstrateand γ f ilm are the surface free energies of the substrate and the film,
respectively, and γinter f ace is the interfacial energy. Note that the elastic energy due to
strain scales linear with the thickness t of the film and with the square of the strain ε , i.e.
Estrain ∼ t ·ε2. Consequently, eq. (2.7) and (2.8) imply that the driving force for crystal
growth of a heteroepitaxial film might depend in addition to the supersaturation also
on the difference of the surface energies between substrate and film, the magnitude
of the strain and thickness of the film. For example, there might be a situation that
the driving force for epitaxial growth vanishes despite of the fact that the vapour is
supersaturated. This will be the case if the lattice mismatch between film and substrate
is too large (if changes in the surface free energy are negligible: Estrain > ∆µ). On the
other hand, if strain is negligible and the surface free energy of the film is lower than
that of the substrate and the interfacial energy together, the film might grow even for
an undersaturated vapour
(
if γ f ilm− γsubstrate+ γinter f ace > ∆µ
)
.
2.2.2. Basic principle of metal-organic vapour phase epitaxy
The basic processes of epitaxial growth by means of metal-organic vapour phase epi-
taxy are schematically depicted in Fig. 2.2. The growth process can be divided into the
following steps [40]:
1. Mass transport of volatile precursor molecules (molecules consisting of one
white and two black balls in Fig. 2.2) to the substrate/film surface by a carrier
gas.
2. Pyrolysis (decomposition at elevated temperatures) of the precursor to ad-atoms,
either homogeneous in the gas phase or heterogeneous at the substrate/film sur-
face.
3. Adsorption of ad-atoms (white balls in Fig. 2.2) and precursor molecules on the
growth surface.
4. Diffusion of ad-atoms and precursor molecules on the surface.
5. (a) Incorporation of ad-atoms into the film at proper growth sites (surface steps
and kinks), (b) nucleation of new islands or (c) desorption of ad-atoms into the
vapour phase.
6. Mass transport of reaction by-products and desorbed species to the gas exhaust.
From this scheme it can be deduced that the MOVPE process is not only governed
by thermodynamical factors but also by the growth kinetics. The main effects are the
chemical kinetics of the precursors, i.e. the pyrolysis of them, the surface diffusion
of ad-atoms and the desorption rate of ad-atoms. All these phenomena typically show
9
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Figure 2.2.: Simplified scheme of MOVPE growth process. For explanation of indi-
vidual steps see text.
an Arrhenius like behaviour meaning that their rates increase exponentially with the
temperature. The growth process and the resulting surface morphology and film quality
thus depend substantially on the deposition temperature. For more details on this topic
see e.g. Ref. [40, 41].
2.2.3. Experimental details and sample structure
The samples studied in this work have been provided by Philipp Drechsel and Peter
Stauss [45] (Osram Opto Semiconductors, Regensburg, Germany), Armin Dadgar
(Otto von Guericke University Magdeburg, Germany) and the former AZZURRO Semi-
conductors company (Magdeburg and Dresden, Germany).
All samples have been grown by metal-organic vapour phase epitaxy using com-
mercially available growth reactors from Aixtron and Veeco. For the III-nitride epi-
taxial growth the group III elements are supplied in form of metal-organic precursors:
trimethyl- or triethylgallium (TMGa or TEGa), trimethylaluminium (TMAl) and tri-
methylindium (TMIn). The nitrogen (group V element) as well as silicon as the donor
of choice in GaN are supplied as hydrides, i.e. ammonia (NH3) and silane (SiH4).
Either hydrogen (H2) or nitrogen (N2) have been used as carrier gas. Epitaxial films
have been deposited on either 2-, 4- and 6-inch Si (111), 4-inch sapphire (0001) or 2-
inch GaN (0001) substrates. Their thickness are 300 µm (for 2-inch Si wafer), 1.0 mm
(for 4- and 6-inch Si wafer), 650 µm (for sapphire wafer) and 300 µm (for GaN wafer),
respectively. In order to heat the substrates, they are mounted on a temperature con-
trolled susceptor. Epitaxial growth has been performed typically at a substrate temper-
atures of about 1000−1100 ◦C if not otherwise stated.
The structure of the studied samples is schematically shown in Fig. 2.3. In case of
heteroepitaxial growth of the nitride films on either Si (111) or sapphire (0001) sub-
strates, we have used a similar template structure in order to have comparable samples.
The growth starts with an AlN nucleation layer3 deposited within a temperature range
3In case of MOVPE growth of GaN on a Si substrate the AlN nucleation layer is mandatory to avoid
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Figure 2.3.: Schematic representation of the sample structure of GaN films with
AlxGa1-xN interlayer grown (a) homoepitaxially on a GaN (0001) sub-
strate and (b)-(d) heteroepitaxially on Si (111) or sapphire (0001) sub-
strates, respectively. (a) and (b) schematically represent samples with
a full layer structure, (c) and (d) depict the structure of samples for
which the deposition of AlxGa1-xN interlayer and GaN overlayer, respect-
ively, has been stopped during the initial stages of growth (experiments in
chapter 4.2.2).
of 1000–1100 ◦C at a low reactor pressure of 50 mbar and a V/III ratio of 300. On top
of the nucleation layer, a graded AlxGa1-xN buffer4 is grown at the same temperature
while steadily increasing the amount of gallium. Subsequently, a first 100− 200 nm
thick GaN layer has been deposited at a temperature and V/III ratio of 1050 ◦C and
1500, respectively. Finally, a SiNx-interlayer5, grown by exposing the GaN (0001)
surface at a temperature of 1030 ◦C for two minutes to a silane flow of approximately
400 nmolmin while the Ga precursor (TMGa) has been switched off, completes the het-
eroepitaxial template structure. Although there are some variations in the thickness
and composition of the layers forming the template structure between different invest-
igated samples, the key parameters, relevant for the strain relaxation process of sub-
sequent layers grown on top of this template, are comparable. These are the threading
dislocation density (in the range of 1−2×109 cm−2), the distribution among Burgers-
vectors of the threading dislocations (i.e. the ratio of a-type vs. a+c-type threading
dislocations is about 2:1) and the residual biaxial strain (during the growth the GaN
buffer is typically slightly compressively strained with ε ≈−0.001).
On top of this template structure a GaN buffer layer is grown whose thickness
ranges from 1000− 1500 nm. Growth temperature and V/III ratio are again 1050 ◦C
and 1500, respectively. No intentional doping has been applied. In case of homoep-
so called melt-back etching [46, 47].
4It has been shown in literature that a graded AlxGa1-xN buffer effectively reduces the threading dis-
location density in the film [48, 49, 50, 51].
5The purpose of the SiNx-interlayer is to further reduce the threading dislocation density [16, 17, 18].
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itaxy the AlN nucleation layer, the graded AlxGa1-xN buffer and the SiNx-interlayer
are omitted and the GaN buffer has been grown directly on the GaN substrate (see
Fig. 2.3). Subsequently, an AlxGa1-xN interlayer has been deposited at a reactor pres-
sure of 100 mbar and a nominal V/III ratio of 430. Thickness and growth temperature
have been systematically varied. If not stated otherwise, the aluminium content of the
AlxGa1-xN interlayers in this work is approximately x ≈ 75%. The composition of
AlxGa1-xN interlayers has been quantitatively determined by combining several TEM
methods (see details in appendix C). Finally, a 1−2 µm thick GaN overlayer has been
grown on top of the AlxGa1-xN interlayer. The growth parameters of the GaN overlayer
are same as before for the GaN buffer.
2.3. Transmission electron microscopy
The main characterisation technique employed in this work is transmission electron
microscopy (TEM). In particular we use TEM to study the dislocation structure in
the films and at interfaces, the dislocation formation process, the atomic structures
of defects and the composition and morphology of heterostructures. For this purpose
we apply mainly 3 techniques: diffraction contrast imaging (bright field and weak
beam dark field imaging), aberration corrected high resolution transmission electron
microscopy (HRTEM) and scanning transmission electron microscopy (STEM) using
a high angle annular dark field (HAADF) detector. Latter technique is also known as
STEM Z-contrast imaging. In the following we want to give a brief overview about
the basic principles of image and contrast formation for the relevant imaging tech-
niques used in this work. For a more detailed introduction into transmission electron
microscopy we would like to refer to respective textbooks by Williams and Carter [52],
Fultz and Howe [53], Bethge and Heydenreich [54] and Pennycook and Nellist [55].
2.3.1. Basic principle of structural imaging by transmission
electron microscopy
The basic design and optical path of a transmission electron microscope (TEM) is
schematically depicted in Fig. 2.4. Electrons are generated by a source (in our case a
field emission source) and accelerated by a high voltage applied to an anode. Accord-
ing to the de Broglie relation, the wavelength of an electron accelerated by a voltage







where h is the Planck constant, m0 is the electron mass, e is the elementary charge
and c is the speed of light. For an acceleration voltage of 300 kV used throughout this




. A condenser system then forms
the beam, which illuminates the specimen. In conventional TEM typically a parallel
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Figure 2.4.: Schematic representation of the basic principle of image formation in a
TEM. The horizontal dashed-dotted line denotes the optical axis of the
microscope.
illumination is used, and the incident electrons are described as a plane wave according
to









where A0 is the amplitude (for simplicity normalised to 1 in the following), k⃗0
(
⏐⏐⏐k⃗0⏐⏐⏐ = 1λ ) is the wave vector and φ0 is the phase offset of the incident electron wave.
This wave is then transmitted through the electron transparent specimen (typical thick-
ness is in the range of a few nm up to some hundred nm). The electron wave interacts
with the electrostatic potential of the specimen, which results in coherent (elastic) scat-
tering, incoherent (quasi-elastic) scattering and inelastic scattering of the electrons. In
the latter case the electrons transfers energy to the specimen, e.g. they excite photons,
phonons or plasmons or ionise atoms. Through spectroscopic analyses of these char-
acteristic energy transfer processes by electron energy loss spectroscopy (EELS) or by
analysis of secondary processes that result from these, e.g. emission of element spe-
cific X-rays detected by energy dispersive X-ray spectroscopy (EDXS), one can gain
useful analytical information on the composition of the specimen. Structural imaging,
however, is based on elastic scattering6. In this case the energy of the incident and
scattered electrons and thus also their wavelengths stay unchanged. The process of
elastic scattering of a plane electron wave at a crystalline specimen is considered in
more detail in appendix A. The main result is that coherent elastic scattering of elec-
trons by the periodic potential of a crystal results in an electron wave at the exit surface












where Ag and φg are the amplitude and the phase offset of the diffracted waves,
6Inelastically scattered electrons are due to (i) their different energy compared to that of elastically
scattered electrons and (ii) chromatic aberration of the objective lens not focussed on the image
plane and thus mainly produce a diffuse background.
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respectively. The discrete components in the Fourier space correspond to the respective
diffracted waves Ψg for which the condition
k⃗g− k⃗0 = g⃗, (2.12)
where g⃗ is a reciprocal lattice vector, is satisfied. The analogue of eq. (2.12) in real
space is the well known Bragg’s law
2d sinθ = nλ , (2.13)
whereθ is the scattering angle and |⃗g|= 1d with d being the interplanar spacing of the
diffracting lattice planes. The exit wave then passes through the objective lens and in
its back focal plane the diffraction pattern with focussed diffraction spots is obtained.
With the help of a suitable aperture one can then select in the back focal plane of
the objective lens appropriate diffracted waves which should contribute to the image
formation. The electron wave function in the back focal plane of the objective lens can
be expressed by [54]
Ψ
′
(q) =F (Ψexit (⃗r)) ·T (q) , (2.14)
where q is the spatial frequency (for small scattering angles the spatial frequency
is related to the scattering angle by the equation q = θλ ), F denotes a Fourier trans-
formation and T (q) is the transfer function of the objective lens. The transfer function
basically describes the impact of the lens on the exit wave as a function of the spatial
frequency. Mathematically the transfer function can be expressed by [52]
T (q) = A(q) ·E (q) · exp(iχ (q)) , (2.15)
where A(q) is a top hat function describing the objective aperture, which cuts off
all spatial frequencies above qaperture
A(q) =
{
1 for 0≤ q≤ qaperture
0 for q> qaperture
, (2.16)
χ (q) is the aberration function and E (q) is the envelope function. Because spherical
aberration and defocus are the most dominant aberrations in a TEM, χ (q) is typically
written as [52]




where ∆ f and CS denote the defocus and spherical aberration7 parameter of the ob-
jective lens, respectively. From eq. (2.15) and (2.17) one can see that lens aberrations
induce a spatial frequency dependent phase shift (between -π and +π) to the electron
wave as it passes through the objective lens. The envelope function in eq. (2.15) takes
7Spherical aberration means that a monochromatic wave emitted from a point on the optical axis of a
lens is not focussed by it again into a point because of the stronger refraction of rays, which pass
further away from the optical axis of the lens. The same holds for a parallel wave, whose wave
vector is aligned with the optical axis of the lens.
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values between 0 and 1 and describes the attenuation of the electron wave as a func-
tion of the spatial frequency due to limited coherence. The envelope function can be
expressed as a product of separate terms, which attribute limited spatial (ES (q)) and
temporal coherence (ET (q)), specimen drift (ED (q)) and vibration (EV (q)) [52]
E (q) = ES (q)ET (q)ED (q)EV (q) . (2.18)
Neglecting the latter two and assuming parallel illumination (i.e. perfect spatial coher-
ence) the damping at higher spatial frequencies is caused by limited temporal coher-
ence. This is in turn due to chromatic aberration of the objective lens in combination
with the energy spread of the electron wave emitted from the gun, instabilities in the
acceleration voltage and lens currents (compare with the terms under the square root
in eq. (2.20)), respectively. In this case the envelope function is given by [52]



























where ∆ is the focal spread and CC is the chromatic aberration8 parameter of the ob-
jective lens. From eq. (2.19) one can see that especially electron waves scattered into
higher angles (corresponding to higher spatial frequencies q) are strongly attenuated.
Thus the envelope function limits the achievable resolution of the microscope. The spa-
tial frequency at which the envelope function has dropped to a value of 1e2 is typically
defined as the information limit of the microscope and amounts for the TEM used in
this work to approximately 12.5 nm−1 corresponding to a resolvable spacing of 0.8 Å
(for state-of-the-art TEMs an information limit of 20 nm−1 has been reported [56]).
After propagation of the electron wave from the back focal plane to the imaging
device (typically either fluorescence screen or CCD camera) the wave function in the








What we finally measure is an intensity distribution in the image plane, i.e. the
modulus squared of the electron wave function
Iimage (x,y) =
⏐⏐Ψimage(x,y)⏐⏐2 . (2.22)
8Chromatic aberration means that waves of different wavelength emitted from a point source are not
focussed again into a point.
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2.3.2. High resolution transmission electron microscopy
Origin and interpretation of lattice fringe images
For high resolution transmission electron microscopy one typically investigates thin
specimens. In this case one can consider the specimen as a phase object, meaning that
interaction of the electron wave with the periodic potential of the crystal leads only to
a small shift of the phase of the electron wave. The electron wave at the exit surface of
the specimen can then be expressed by [52]
Ψexit(x,y) =Ψ0 exp(−iσVt (x,y)) , (2.23)





is the projected atomic potential for a specimen thickness of t. For very thin specimens
(thickness of only a few nanometers) σVt (x,y) becomes much smaller than 1 and the
exponential term in eq. (2.23) can be developed according to
Ψexit (x,y) =Ψ0 exp(−iσVt (x,y))≈ 1− iσVt (x,y) , (2.25)
with the normalisationΨ0 = 1. Eq. (2.25) is the so called weak phase object approx-
imation [52]. In this case all the information about the atomic structure of the specimen
is stored in the phase of the electron wave at the exit surface of the specimen. During
imaging with an ideal lens, see eq. (2.22), the phase information of the electron wave
in the image plane is, however, lost and in the weak phase object approximation the
image intensity would be the same everywhere. However, we can still obtain phase
contrast in the final image by taking advantage of the phase shift that the electron wave
experiences as it is transferred through the objective lens. An ideal microscope for
phase contrast imaging would shift the phase of the scattered wave by ±π2 so that the
electron wave in the image plane would be given by
Ψphase contrastimage (x,y) = 1±σVt (x,y) , (2.26)
respectively. Interference of all waves in the image plane thus produces a lattice
image which reveals information about the atomic structure of the specimen. However,
the interpretation of conventional HRTEM images in terms of assigning an intensity
minima/maxima to positions of atomic columns is typically not straight forward. This
is because aberrations of the objective lens lead to a non-homogeneous phase shift as
electron waves pass through the objective lens, i.e. the phase shift depends on the
spatial frequency of the electron waves. As we have seen before, the phase shift can be
expressed by the transfer function of the objective lens (see eq. (2.15) and (2.17)). In
case the weak phase object approximation (WPOA) applies and neglecting non-linear
contributions to the HRTEM image formation process the transfer function simplifies
and is given by [52]
TWPOA (q) = A(q) ·E (q) ·2sin(χ (q)) . (2.27)
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Figure 2.5.: Transfer function of a 300 kV TEM in the weak phase object approx-
imation at Scherzer defocus. The black solid line denotes the envelope
function (eq. ( 2.19)) for a focal spread of ∆ = 3 nm corresponding to an




. Red and magenta
(blue and cyan) curves are the contrast transfer function with and without
the effect of the envelope function E (q) for a spherical aberration para-
meter of CS = 15 µm (CS = 0.64 mm) respectively.
The transfer function of a conventional 300 kV TEM having a spherical aberration
parameter of CS = 0.64 mm (one of the lowest value for non-corrected lenses) and for
an optimum defocus value, the so called Scherzer defocus [57], is shown as cyan/blue
curve in Fig. 2.5. For this condition the transfer function amounts close to −1 for a
broad range of spatial frequencies. This means that waves within this band of spatial
frequencies experience an almost constant phase shift of −π2 which results for thin
samples (i.e. the weak phase object approximation applies) in a dark atom contrast
in the interference image. For higher values of q the transfer function then starts to
oscillate rapidly, which means that waves with higher spatial frequencies (correspond-
ing to smaller distances in the image) are transferred with either positive or negative
phase shift through the objective lens. This causes image artefacts and inhibits direct
interpretation of the HRTEM pattern. The first zero crossing of the transfer function
essentially limits the minimum interpretable spacing, which is commonly defined as
the point resolution of the microscope. For the aforementioned parameters of 300
kV and CS = 0.64 mm (they apply e.g. for a Philips CM300 TEM) the point resolu-
tion equals to approximately 1.7 Å corresponding to the zero crossing of sin(χ (q)) at
q= 5.9 nm−1 (see Fig. 2.5).
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Aberration corrected HRTEM
As we have just seen, optical aberrations of the image forming lens, especially the
spherical aberration, which is typically the most detrimental aberration of TEM lenses,
limit the resolution of the microscope. One possibility to overcome this problem is
to use aberration correctors. It has been shown by Rose [58, 59] that a post objective
lens unit consisting of several multi-pole elements is able to correct CS and other ab-
errations of the objective lens like axial coma, 3-fold astigmatism, star aberration and
4-fold astigmatism, respectively (for an overview of the aberration function including
all contributions up to higher orders aberrations see e.g. Ref. [60]). As a result of
aberration correction, the point resolution of the microscope can be extended up to the
information limit of the microscope (see magenta curve in Fig. 2.5). For a corrected
300 kV TEM with a spherical aberration parameter of CS = 15 µm and Scherzer defo-
cus the transfer function of the objective lens has no zero crossing up to the assumed
information limit of 12.5 nm−1. This means that an interpretable resolution of approx-
imately 0.8 Å is achieved. The effect of aberration correction on HRTEM imaging of
GaN crystals is illustrated in Fig. 2.6. While in the case of an aberration corrected




projection (their projected distance is approximately 1.1 Å) are clearly identified (see
Fig. 2.6 (c) and (d)) they can not be resolved in the case of a non-corrected microscope
(see Fig. 2.6 (b)). Thus, aberration corrected HRTEM images are much easier to inter-
pret in terms of the projected atomic structure than conventional HRTEM micrographs.
Another important benefit of aberration correction is the reduced contrast delocal-
isation R9 which is given by [61]
R= max
⏐⏐⏐⏐ 12π ∂χ (q)∂q
⏐⏐⏐⏐ for q within the interval [0,qmax] , (2.28)
where qmax is either given by the objective aperture cut-off or the information limit
of the microscope. In case of an aberration corrected TEM with CS = 15 µm and
Scherzer defocus the contrast delocalisation amounts to approximately 0.6 Å compared
to several Å for a non-corrected microscope. This effect is impressively illustrated in
Fig. 2.6. While in the case of conventional HRTEM imaging one can observe some
artificial contrast also in the vacuum region more than 1 nm above the GaN (0001)
surface (making it impossible to identify the surface structure), there is an abrupt con-
trast at the interface between vacuum and the GaN crystal underneath in the aberration
corrected HRTEM image (compare Fig. 2.6 (b) with (c) or (d)).
A third advantage, which the utilisation of aberration correctors offers, is that one
can tune the aberration parameters (e.g. CS) intentionally to any desired value. This
allows for a completely new imaging method, namely negative spherical aberration
imaging or NCSI [62, 63]. In conventional TEMs the spherical aberration parameter
CS is a positive value which is determined by the design of the objective lens. With a
proper underfocus this leads for thin specimens to atomic columns appearing dark (see
9Note that contrast delocalisation in HRTEM should not be understood as an incoherent blurring lead-
ing to a diffuse background. Instead it means that the wave function emitted from a point at the
exit surface of the specimen is delocalised in the image plane. At a given position in the image
delocalised waves from several points from the specimen will superimpose coherently.
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Figure 2.6.: Effect of aberration correction on HRTEM imaging for the example of





direction (Ga atomic columns appear brighter
than N atomic columns). (b) and (e) HRTEM multislice simulation10 for
a conventional microscope with CS = 0.64 mm and Scherzer defocus
∆ f =−43 nm. (c) and (f) HRTEM simulation for an aberration corrected
microscope with CS = 15 µm and Scherzer defocus ∆ f = −6.5 nm. (d)
and (g) HRTEM simulation for an aberration corrected microscope with
CS=−15 µm and Scherzer defocus ∆ f =+6.5 nm. Note that the intensity
scale in image (g) has been inverted relative to that of image (d). Images
in the lower row have been displayed on the same intensity scale (adjusted
to that of image (g)) to illustrate the differences in image contrast.
Fig. 2.6 (b) for a conventional TEM and Fig. 2.6 (c) for a corrected objective lens with
a small residual positive CS). In contrast to that, for thin specimens atomic columns
will show up bright with respect to the mean intensity if a small negative spherical
aberration in combination with a slight overfocus is used [67] (see Fig. 2.6 (d)). The
main advantage of NCSI is, however, the strong increase of the absolute contrast of
atomic columns compared to the case of HRTEM imaging with a positiveCS [67]. This
effect is illustrated in the lower row of Fig. 2.6. To understand this phenomenon, one
has to consider next to the linear also non-linear contributions to the image formation
process. In the case of HRTEM imaging with a positive/negative spherical aberration
and Scherzer defocus, i.e. a proper underfocus/overfocus, the objective lens adds to the
scattered waves a phase shift of approximately ∓π2 , respectively, so that the electron
wave function in the image plane is given by
10HRTEM image simulations have been performed with a self developed software using a multislice
approach [64, 65]. The phase plates and Fresnel propagator have been calculated with the EMS
program package [66].
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Ψimage (x,y) = 1∓σVt (x,y) . (2.29)
Including next to the linear also the second order contributions the image intensity
leads to [62]
I (x,y) = 1∓2σVt (x,y)+(σVt (x,y))2 . (2.30)
While the sign of the second order term is always positive it depends for the linear term
on the chosen imaging conditions. For a negative spherical aberration and positive
Scherzer defocus (i.e. overfocus) the phase shift due to the objective lens amounts to
+π2 , which leads to a constructively addition of linear and second order contributions
and therefore to an increased contrast of atomic columns [62]. As shown by Jia et
al. [62, 63], the negativeCS imaging technique thus significantly improves the detection
limit of atoms.
2.3.3. Diffraction contrast imaging
Another TEM technique for structural characterisation of the specimen is diffraction
contrast imaging. In this case only one beam in the back focal plane of the objective
lens is selected with the objective aperture. Depending on whether one selects the
transmitted or the diffracted beam in the objective aperture, i.e. a beam with wave
vector k⃗0 or k⃗g passes the aperture, either a bright field or dark field image is formed
(see Fig. 2.7). To obtain strong diffraction contrast, the specimen is typically tilted
relatively to the incident electron beam in such a way that in the ideal case only one
set of lattice planes is in Bragg condition (typically called two beam condition).
Any lattice defect causing locally a bending of the respective lattice planes used
for imaging will therefore affect the diffraction condition and thus the intensity of
the diffracted beam. This will finally manifest in a contrast in the image around the
lattice defect. Since dislocations induce distortions to the crystal lattice one can visu-
alise them in the specimen by performing diffraction contrast imaging. Comparing
several images, which have been recorded with different diffracted beams, one can
furthermore determine also the Burgers-vector of dislocations. Therefore, one has to
find lattice planes, for which the respective diffraction vectors g⃗ are perpendicular to
the Burgers-vector of the dislocation (this is called the g⃗ · b⃗ = 0 criterion). For this
condition dislocation lines are out of contrast in the image. This is because the corres-
ponding lattice planes are not affected by the strain field of the dislocations. Note that
for dislocations having an edge component there will be still a weak residual contrast




̸= 0, where l⃗ is the line direction of the dislocation. Latter
condition corresponds to the local buckling in the vicinity of the dislocation core of
those lattice planes, which are perpendicular to the inserted half-plane and include the
dislocation line.
Under regular bright field / dark field conditions not only the strongly bended region
around the dislocation core but also the long ranged strain fields around dislocations
significantly affect the intensity of the un-/diffracted beam. Therefore, the contrast of
a dislocation is rather blurred and extends up to several 10 nm under such imaging
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Figure 2.7.: Schematic representation of diffraction contrast imaging. Grey spheres
denote the reciprocal lattice with its origin being labeled with "0". Black







, respectively. The dashed and dashed-dotted black lines are the
Ewald sphere and the optical axis of the microscope, respectively. (a)
Bright field TEM under two beam conditions with the reflex g being in
Bragg condition (i.e. it is cut by the Ewald sphere). (b) Dark field TEM
under two beam conditions (with the reflex g being in Bragg condition)
and tilted incident beam. (c) Weak beam dark field TEM under g-3g weak
beam conditions (with the reflex 3g being in Bragg condition while the g
reflex is not cut be the Ewald sphere and a small deviation parameter s⃗
exists) and tilted incident beam.
conditions. To obtain a more localised contrast, one can select with the objective aper-
ture a diffracted beam for imaging, for which the corresponding lattice planes are not
exactly in Bragg condition (this corresponds in the Fourier-space to a certain distance
between the Ewald sphere and the respective reciprocal lattice spot, which is given by
the so called deviation parameter s⃗ (see Fig. 2.7 (c)). Because in this case the diffrac-
ted beam has only little intensity this method is called weak beam dark field imaging.
It was shown by Cockayne et al. [68], that imaging with a large deviation parameter
results in very localised contrast closely around the dislocation (in the range of a few
nanometer).
2.3.4. STEM-HAADF imaging
The principle of image formation in a scanning transmission electron microscope
(STEM) is fundamentally different from that of the TEM techniques mentioned above.
In STEM mode a convergent focussed electron beam, or probe, is formed, which is
scanned across the specimen (see Fig. 2.8). In STEM mode an image of the scanned
specimen area is built up by sequentially collecting with an appropriate detector for
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Figure 2.8.: Schematic representation of the image formation process in a STEM. The
horizontal dashed-dotted line denotes the optical axis of the microscope.
each scanning point a signal, generated by interaction of the focused electron beam
with the sample. This signal could either be due to primary electrons, scattered into
low angles with respect to the optic axis (bright field imaging) [55], or electrons being
scattered into higher angles (dark field imaging). In addition a secondary signal, ex-
cited through inelastic interaction, such as the intensity of secondary electrons, X-ray
(EDXS) or other lower energetic photons (cathodoluminescence) can be detected. One
of the advantage of STEM is that these signals can be detected simultaneously, using
e.g. a concentric bright field and annular dark field detector and an energy dispersive
X-ray (EDX) spectrometer, respectively.
One of the most commonly used STEM techniques is high angle annular dark field
imaging (STEM-HAADF). In this case an annular detector is used, which collects
only electrons scattered into higher angles (inner semi-acceptance angle of the de-
tector amounts typically to several 10 mrad for a 300 kV STEM). As pointed out by
Howie [69], the amplitude of coherently (Bragg) scattered electrons becomes weak
for high scattering angles and the HAADF signal is then dominated by thermal dif-
fuse scattering (TDS). The origin of TDS is vibration of atoms (known as phonons)
around their equilibrium positions in the crystal lattice leading to a perturbation of the
instantaneous crystal potential V (⃗r, t) according to
V (⃗r, t) =V0 (⃗r)+∆V (⃗r, t) . (2.31)
In eq. (2.31) the first term represents the time averaged crystal potential causing the
Bragg reflections. The second term is the perturbation due to thermal vibrations. As
shown by Wang and Cowley [70, 71], ∆V is considerably narrower than V0 meaning
that TDS is a highly localised scattering process. Consequently, HAADF imaging is
capable of displaying individual atomic columns [71]. Because the perturbation ∆V is
not necessarily periodic, diffuse scattering of electrons leads to intensity in the Fourier
space also between Bragg reflections [70]. According to Hall and Hirsch [72] the TDS
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where M (s) is the Debye-Waller-factor
M (s) = 2π2s2u2, (2.33)
u2 is the temperature dependent mean square displacement of the respective atom and
s is the scattering parameter, which is related to the scattering angle θ by s = sinθ/2λ .
In eq. (2.32) f e (s) denotes the atomic scattering factor for electrons, which is given
by [73]
f e (s) =
m0e2
8πε0h2







for large s, (2.34)
where m0 is the electron mass, e is the elementary charge, ε0 is the vacuum permittivity,
h is the Planck constant, Z the atomic number of the specimen material and f x (s) is
the atomic scattering factor for X-rays.
What makes HAADF technique so valuable for structural analysis is the fact that
HAADF images show, as can be inferred from eq. (2.32) and (2.34), a strong atomic
number contrast. Atomic columns with a higher mean atomic number thus appear in
most cases brighter than those with a lower mean atomic number. Due to the high
inner acceptance angle of the HAADF detector, Bragg scattered electrons are not re-
gistered and diffraction contrast is typically suppressed. Therefore, this method is also
called STEM Z-contrast. However, the image intensity of individual atomic columns
does not simply scale with their atomic number squared (Z2, corresponding to un-
screened Rutherford scattering) but depends also on the strength of atomic vibrations
(i.e. the Debye-Waller-factor, see eq. (2.32)) [70] and on the electron channelling be-
haviour11. Consequently, any lattice distortion which influences electron channelling,
will also affect the HAADF intensity and thus complicate composition analysis. This
phenomenon will become particularly pronounced if the specimen is observed along a
low index zone axis where the effect of electron channelling is typically strong. The
reason for this is that lattice distortions like e.g. static atomic displacements in al-
loys [75, 76, 77], strain gradients around dislocations [75, 78] or at the surface of the
TEM specimen in regions of strained heterostructure interfaces [75, 79] disturb the
periodicity of the lattice and therefore may, on the one side, give rise to additional
diffuse scattering [80] and, on the other side, cause dechannelling which reduces the
scattering probability [75]. A simple quantitative analysis of HAADF images is thus
in many cases not possible and a precise quantitative composition evaluation requires
a comparison with image simulations.
Another advantage of STEM-HAADF imaging is that it is supposed to be incoher-
ent. The image intensity at any probe position r⃗ can therefore be expressed by
11In STEM electron channelling describes the effect that the electron beam is self-focussed onto an
atomic column as the electrons propagates through the crystal. Electrons focussed onto atomic
columns pass closer to atomic nuclei and thus have an increased probability for high angle scatter-
ing [74].
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IHAADF (⃗r) = P (⃗r)⊗O (⃗r) , (2.35)
which is a convolution of the probe intensity P (⃗r) and the object function O (⃗r). This
implies that, unlike as in the case of HRTEM, there are no contrast reversals with de-
focus and the STEM-HAADF image intensity increases monotonically with the speci-
men thickness. The incoherent nature of HAADF images can be explained in principle
by the incoherent thermal diffuse scattering process itself [70]. However, incoher-
ent scattering is not a necessary prerequisite for incoherent imaging [81, 82]. It was
shown that even for coherent dynamical scattering from a hypothetical non-vibrating
lattice (i.e. no TDS), annular dark-field imaging in a scanning transmission electron
microscope provides an incoherent image of the crystal structure [81]. Thus the sig-
nal detection process, namely the integration of the scattered intensity by the HAADF
detector over a large interval in k-space/Fourier-space, ensures the incoherent nature
of STEM-HAADF images [55, 71, 81, 83]. This phenomenon can be understood by
employing the principle of reciprocity12. A large detector in STEM mode is equivalent
to a conical - and thus incoherent - illumination source in a TEM [81, 83, 85]. A
detailed theoretical consideration of this problem is given e.g. in Ref. [55].
Let us finally consider the spatial resolution, which we can achieve in STEM-
HAADF experiments. Looking on eq. (2.35) one can see that the probe intensity
P (⃗r) has the role of a point spread function, i.e. it corresponds to the response of
the imaging system to a point object. The probe intensity is given by the inverse
Fourier transform of the autocorrelation of the condenser system transfer function
T (q) = A(q) · exp(iχ (q)):
P (⃗r) =F−1
{ˆ







The aperture function A(q) (here the condenser aperture) and aberration function
χ (q) are defined as before in eq. (2.16) and (2.17). From eq. (2.35) and (2.36) one can
conclude that the spatial resolution in STEM-HAADF imaging is limited by the open-
ing angle of the aperture and the aberrations of the probe forming lens. For optimum
conditions [86] we obtain for a 300 kV STEM and a spherical aberration of the probe
forming lens of CS = 1.2 mm (as it is the case for the microscope used in this work) a
spatial resolution of 1.3 Å.
2.3.5. Experimental setup
(S)TEM measurements have been performed with an FEI Titan 80-300 operated at an
acceleration voltage of 300 kV (λ = 1.97 pm). The microscope is equipped with an
aberration corrector for the objective lens and a field emission gun (FEG) as electron
source. The information limit of our microscope is approximately 12.5 nm−1, thus we
are able to resolve details with a spacing of about 0.8 Å. Images have been recorded
12Consider the following situation. A wave I is emitted from a source located in point A, then scattered
at a point S and arrives at point B. The principle of reciprocity states that if the source is moved to
point B and emits a wave II which is also scattered in point S then the amplitude of wave II in point
A will be equal to the amplitude of wave I in point B [84].
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with an Eagle 2k HR charge coupled device (CCD) camera, which has 2048× 2048
pixels and achieves a sampling of 17.1 pmpixel at the highest used magnification. The
modulation transfer function of the CCD camera has been determined according to the
method suggested by Van den Broek et al. [87] and amounts to approximately 0.25 at
half of the Nyquist frequency.
For HRTEM imaging we tune with the help of the corrector the spherical aberration
of the objective lens typically to a small negative value of about CS ≈−15 µm. Other
lens aberrations have been corrected to a minimum. In TEM mode a parallel beam with
a semi-convergence of smaller than approximately α ≤ 0.4 mrad and a beam current
in the range of 100 pA− 1 nA13 has been used. STEM imaging has been performed
with a focussed, convergent beam with a semi-convergence angle of α = 9.0 mrad.
The spherical aberration parameter of the probe forming lens is approximately CS =
1.2 mm, which limits the spatial resolution to a value of about 1.3 Å (in the experiment
it is possible to resolve the well known dumbbell structure in the [110] projection of
silicon, which has a spacing of 1.36 Å). Typically we have a probe current in the range
of 1−2 pA. STEM-HAADF images have been recorded with a Fishione model 3000
annular detector (16 bit dynamical range) with a typical dwell time of approximately
50 µs per scanning point.
2.4. X-ray diffraction
Ex-situ X-ray diffraction (XRD) has been used in this work to evaluate the strain state
of the GaN films and AlxGa1-xN interlayers after the growth at room temperature on
a macroscopic scale. For this purpose we have, on the one hand, performed sym-
metric θ/2θ -scans of the (0002) and (0006) reflection. On the other hand, we have





technique has the advantage that by scanning the reciprocal space in two dimension
around a reflection, which has an in-plane and an out-of plane scattering component, it
is possible to determine both the in-plane and out-of-plane reciprocal lattice parameter
qx and qz. A schematic representation of both measurement techniques is shown in
Fig. 2.9.
The basic principle of kinematic X-ray diffraction at crystalline specimens can be
described by coherent elastic scattering (for more details see appendix A). The main
result is that an X-ray beam will be diffracted at a crystal lattice only if the Bragg
condition is satisfied:
2dhkl sinθ = nλ , (2.37)
where dhkl is the interplanar spacing of the diffracting lattice planes, θ is the angle
between the incident/diffracted beam and the diffracting lattice planes and λ is the
wavelength of the X-rays.
13This current leads for HRTEM imaging where an area of typically 100× 100 nm2 is illuminated by
the beam to a current density of less than 10 Acm2 . According to literature reports [88] for such a
current density GaN and III-nitride heterostructures are at least for a typical timeframe of image
recording (a few seconds to one minute) stable under the electron beam before beam damage can be
observed.
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Figure 2.9.: Schematic representation of (a) a θ/2θ -scan around the (0006) reflec-





tion. Grey spheres and arrows represent reciprocal lattice points and wave




. The red arrow indicates the
θ/2θ -scan. Blue/green curves denote the direction of an ω- / θ/2θ -scan,
respectively. The red shaded area corresponds to the acquired reciprocal
space map.
Figure 2.10.: Schematic representation of the experimental setup for the X-ray diffrac-
tion experiments.
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The basic set-up of the XRD experiment is schematically depicted in Fig. 2.10.
The XRD measurements have been performed with a Seifert XRD Master HR dif-
fractometer using a copper anode to generate the X-rays. A Göbel mirror (bowed
multilayer stack with a lateral layer thickness gradient) and a two-bounce channel cut
monochromator consisting of two Ge (220) crystals then collimate (the residual beam
divergence is approximately 0.005°) and monochromate the beam (Cu-Kα1 radiation
with a wavelength of λ = 1.540593 Å has been selected). A slit can be introduced into
the beam to limit the size of the X-ray spot on the specimen. The specimen itself is
mounted on a goniometer stage which allows movement along x-, y- and z-directions
and a ω-, φ - and ϕ- tilt (see Fig. 2.10). For high resolution X-ray diffraction (HRXRD)
measurements the angular resolution of the diffractometer can be enhanced by placing
either an analyser crystal or an aperture just before the detector (angular resolution in
our experiment was about 0.006°). In case of X-ray reciprocal space maps we utilised
a position sensitive line detector which simultaneously records a 5.9° wide 2θ -range
with an accuracy of approximately 0.01° per channel.
2.5. In-situ laser reflectometry
Figure 2.11.: Schematic representation of the wafer curvature measurement by in-situ
laser reflectometry.
Another method to determine the strain state of an epitaxial film at a macroscopic
scale is in-situ laser reflectometry. In contrast to ex-situ XRD this technique provides
complementary in-situ information about the strain state of the film during the growth.
The operating principle is rather simple (see schematic representation in Fig. 2.11).
Basically, one monitors the wafer curvature κ as a function of the growth time by
analysing the spacing s of two (or more) laser beams reflected at the growth surface
of the sample. Because the initially parallel incident laser beams are shifted relative
to each other, a change of the wafer curvature will directly translate into a change of
the spacing of the reflected beams. Based on the geometry of the system, the wafer
curvature can be calculated from the spacing s. If Fabry-Perot oscillations occur, one
can additionally evaluate the thickness and thus the growth rate of the film at any
time of the growth. Using the well-known Stoney equation [89] the film strain ε is
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where M f ,s and t f ,s are the biaxial modulus and the thickness of the film and the
substrate, respectively. A change of the slope ∂κ∂ t f thus can be interpreted as a change
of the film strain ε , e.g. due to a build-up of compressive strain in the GaN film by an
AlxGa1-xN interlayer. However, in order that the Stoney equation can be applied sev-
eral requirements have to be satisfied [90]: (i) Both the film and substrate thicknesses
have to be small compared to their lateral dimensions, i.e. plane stress conditions ap-
ply. (ii) The film has to be much thinner than the substrate (approximately 100 times
thinner). (iii) The substrate material is homogeneous, isotropic and linearly elastic.
The film material is isotropic. (iv) Edge effects near the rim of the substrate can be




AlxGa1-xN interlayer - build-up
of compressive strain
3.1. Aim of this chapter
The main objective of this chapter is to explain the build-up of compressive strain
in GaN films by AlxGa1-xN interlayers on a purely phenomenological basis. For
this purpose we study a series of samples where AlxGa1-xN interlayers of different
thickness and deposition temperature have been grown on GaN buffers on Si, sapphire
and GaN substrates. The aim is to investigate, how the resulting compressive strain in
the top GaN layer depends on (i) the growth parameters of the AlxGa1-xN interlayer
(thickness and deposition temperature) and by (ii) the thermal stress arising during
cool-down after the growth.
In a first step we will examine the microstructure of AlxGa1-xN interlayers with
the help of TEM. In particular, we will analyse the misfit dislocation networks at the
interfaces between the GaN layers and the AlxGa1-xN interlayer in detail in terms of
the average line spacing of misfit dislocations, their Burgers-vector and the geometry
of the misfit dislocations networks. Later we will use this data to quantify the degree
of strain relaxation at the interfaces of the AlxGa1-xN interlayer. In a second step we
will evaluate ex-situ X-ray diffraction and in-situ wafer curvature measurements to
validate the significance of our TEM results, gained at a more microscopic scale, by
strain measurements at macroscopic scale.
3.2. Experimental results
3.2.1. Structural characterisation of AlxGa1-xN interlayer by
TEM
3.2.1.1. Influence of thickness and deposition temperature of AlxGa1-xN
interlayers on the strain relaxation process
In a first experiment we study plastic relaxation of thin AlxGa1-xN interlayers as de-
pendent on layer thickness. The AlxGa1-xN layers are grown at low deposition tem-
perature (≈ 800°C) and high deposition temperature (≈ 1050°C), respectively, on top
of thick GaN buffers on Si (111) substrates and are subsequently covered by a GaN
overlayer. We will start with a purely qualitative analysis of the relaxation process.
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Figure 3.1.: Cross-sectional weak beam dark field TEM micrographs of AlxGa1-xN
interlayers in GaN films grown on Si (111) substrates. The images are
recorded under (a) g= 0002 and (b)-(e) g= 1100 g(3g) weak beam condi-
tions, respectively. (a) and (b) same region of a 5 nm thin low temperature
Al0.65Ga0.35N interlayer, (c) 10 nm thin low temperature Al0.75Ga0.25N in-
terlayer, (d) 26 nm thick low temperature Al0.75Ga0.25N interlayer between
GaN buffer and a 120 nm GaN cap and (e) 35 nm thick high temperature
Al0.75Ga0.25N interlayer. In (a) and (b) the position of the 5 nm thin low
temperature Al0.65Ga0.35N interlayer is indicated by white triangles.
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Figure 3.2.: Cross-sectional bright field TEM images for two beam conditions of
AlxGa1-xN interlayer in GaN films grown on Si (111) substrates. (a)
18 nm low temperature Al0.75Ga0.25N interlayer, (b) 26 nm low temperat-
ure Al0.75Ga0.25N interlayer and (c) 35 nm high temperature Al0.75Ga0.25N
interlayer, respectively. Misfit dislocations at the lower and upper interface
of AlxGa1-xN interlayers are indicated by red and blue arrows and circles,
respectively.
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The cross-sectional weak beam dark field TEM image of a 5 nm thin low temperat-
ure Al0.65Ga0.35N interlayer1 recorded under g = 0002 g(3g) weak beam conditions
(Fig. 3.1 (a)) shows only a weak diffuse contrast at the Al0.65Ga0.35N interlayer due to
fluctuating strain. Imaging with g = 1100 g(3g) weak beam conditions (Fig. 3.1 (b)),
however, reveals no misfit dislocations at the interfaces of the Al0.65Ga0.35N interlayer
to the surrounding GaN, but a-type and a+c-type threading dislocations penetrating it.
In the case of a sample with a 10 nm thin Al0.75Ga0.25N interlayer grown at low tem-
perature, few misfit dislocations are observed at the interfaces of the interlayer (see
Fig. 3.1 (c)). At a thickness of the low temperature Al0.75Ga0.25N interlayer of 26 nm,
a network of misfit dislocations is present at the interface between interlayer and GaN
(Fig. 3.1 (d)). To distinguish individual misfit dislocations of the dense network we tilt




zone axis towards [0001] so
that the network is seen in oblique view. A similar dense network of misfit dislocations
is also observed in the case of a 35 nm thick high temperature Al0.75Ga0.25N interlayer
(see Fig. 3.1 (e)). In this case the further increased density of misfit dislocations in the
network does not allow to distinguish individual dislocation lines anymore.
Comparing the cross-sectional weak beam dark field TEM images of these samples,
it is obvious that, on the one hand, the misfit dislocation network becomes denser
with increasing thickness of the AlxGa1-xN interlayer. On the other hand, we do
not see qualitative differences between samples with low temperature or high tem-
perature AlxGa1-xN interlayer with respect to plastic relaxation at the interfaces of the
AlxGa1-xN interlayer.
To quantify our results we evaluate the projected line density of misfit dislocations
at the interfaces of AlxGa1-xN interlayers. Therefore, the same sample series has been




zone axis using a g = 1120 diffrac-
tion vector. Under this condition all dislocations with an a-component are in contrast
and appear by their projected line segment in the interface. Representative images are
shown in Fig. 3.2 and statistically representative results2 of the quantitative analysis are
summarised in Table 3.1. The accuracy is mainly limited by the statistical uncertainty
due to fluctuations of the dislocation spacings and is in the range of 10-15%.
First of all we find that AlxGa1-xN interlayer (x≥ 0.75), which are thicker than ap-
proximately 10 nm, exhibit misfit dislocations at both interfaces of the AlxGa1-xN in-
terlayer. The quantitative analysis, however, reveals a systematic asymmetry in plastic
relaxation between the two interfaces. The misfit dislocation line spacing is higher at
the upper interface of the AlxGa1-xN interlayer than at the lower one. The ratio of the
misfit dislocation line spacings at the upper interfaces to that of the lower interface is
typically in the range of 1.8. . .2.2. These results are found in all samples independ-
ently of the thickness of the AlxGa1-xN interlayer. The absolute values of the spacings
as seen qualitatively above, however, decrease as the thickness of the AlxGa1-xN in-
terlayer increases. All quantitatively analysed samples having an Al0.75Ga0.25N inter-
1The composition of AlxGa1-xN interlayers has been quantitatively determined by combining several
TEM methods (see details in appendix C).
2To obtain statistically significant results, we evaluated the misfit dislocation line spacings from cross-




layer, irrespective whether grown at low or high temperature, fit in the overall trend
that the average spacing of misfit dislocation lines decreases with increasing thickness
of the AlxGa1-xN interlayer.
It is worth noting is that not all misfit dislocations are located exactly at the in-
terfaces of the interlayer, but are spread vertically up to 50 nm around the interfaces.
Especially at the lower interface of the AlxGa1-xN interlayer the misfit dislocations
tend to align vertically in 2 planes (indicated by 2 red arrows in Fig. 3.2).
3.2.1.2. Influence of the thermal stress during cool-down on the strain
relaxation process
In the following we study the possible influence of thermally induced strain, arising
during cool down, on the relaxation of the AlxGa1-xN interlayers. Therefore, we com-
pare samples where GaN films with AlxGa1-xN interlayers have been deposited on Si
(111), sapphire (0001) and GaN (0001) substrates resulting in tensile, compressive
and nominal no thermal stress, respectively.
Fig. 3.3 shows cross-sectional weak beam dark field TEM images of samples grown
on sapphire (0001) and GaN (0001) substrates. For both samples we observe a net-
work of misfit dislocations at the interfaces of the AlxGa1-xN interlayer. Cross-sectional
bright field TEM imaging of these samples (see Fig. 3.4) reveals, as in the case of
samples grown on Si (111) substrates, the presence of misfit dislocations at both inter-
faces of the AlxGa1-xN interlayer. The quantitative evaluation of the line spacings for
both samples are given in Table 3.1. As in the previous samples on Si, the ratio of the
misfit dislocation line spacing at the upper compared to that at the lower interface lies
for all three samples between 1.8 . . .2.2 and thus in the same range. Compared to the
samples deposited on silicon, the sample with the 23 nm thin Al0.75Ga0.25N interlayer
grown on the sapphire substrate fits well into the trend of an decreasing dislocation
spacing with increasing thickness of the AlxGa1-xN interlayer. Though the thickest
AlxGa1-xN layer (grown on a GaN substrates) seems to make an exception, i.e. the
misfit dislocation line spacings are larger for the thicker interlayer, this is explained by
a lower Al content of the AlxGa1-xN interlayer (approximately x = 50%) than that of
all other samples (typically x= 75%).
In summary, our TEM results show that the thermal stress after the growth does
not significantly influence the relaxation of AlxGa1-xN interlayers. Misfit dislocation
networks at the both interfaces of AlxGa1-xN interlayers, however, with an asymmetry
in the dislocation line spacing between the upper/lower interface, have been observed
in all samples, irrespective of the used substrate (silicon, sapphire or GaN) and the
respective thermally induced stress during cool-down, i.e. tensile, compressive or no
thermal stress.
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Figure 3.3.: Cross-sectional weak beam dark field TEM micrographs of (a) a 23 nm
thick low temperature Al0.75Ga0.25N interlayer between the GaN buffer
and a 120 nm GaN cap grown on a sapphire (0001) substrate, (b) a 45 nm
thick high temperature Al0.5Ga0.5N interlayer in a GaN film grown on a
GaN (0001) substrate. Both images have been recorded under g = 1100
g(3g) weak beam conditions.
Figure 3.4.: Cross-sectional bright field TEM images for g = 1120 two beam con-
ditions of (a) a 23 nm thick low temperature Al0.75Ga0.25N interlayer
between the GaN buffer and a 120 nm GaN cap grown on a sapphire
(0001) substrate, (b) a 45 nm thick high temperature Al0.5Ga0.5N inter-
layer in a GaN film grown on a GaN (0001) substrates. Misfit dislocations
at the lower and upper interface of the AlxGa1-xN interlayer are indicated
by red and blue arrows, respectively.
34
3.2. Experimental results
Table 3.1.: Average spacing of misfit dislocations at the interfaces of AlxGa1-xN inter-
layer as determined from cross-sectional TEM images
sample
mean misfit dislocation line spacing
lower interface upper interface
dlower IFimage [nm] d
upper IF
image [nm]
45 nm high temperature Al0.50Ga0.50N 34 ± 4 61 ± 8
interlayer in GaN film on GaN substrate
35 nm high temperature Al0.75Ga0.25N 21 ± 2 38 ± 5
interlayer in GaN film on Si substrate
26 nm low temperature Al0.75Ga0.25N 36 ± 5 73 ± 10
interlayer in GaN film on Si substrate
23 nm low temperature Al0.75Ga0.25N 45 ± 6 98 ± 15
interlayer in GaN film on sapphire substrate
18 nm low temperature Al0.75Ga0.25N 63 ± 8 121 ± 20
interlayer in GaN film on Si substrate
3.2.2. Analysis of the misfit dislocation networks
To quantify the amount of mismatch relaxation in the AlxGa1-xN interlayer and the
build-up of compressive strain in the subsequent GaN layer, we will now characterise
the misfit dislocation networks at the interface between GaN buffer and AlxGa1-xN
interlayers in more detail. More specific, we aim to gather all necessary information
about misfit dislocation networks, i.e. their lateral arrangement, their Burgers-vector
and their line direction. To obtain unambiguous results, we use in addition to conven-
tional diffraction contrast imaging in plan view TEM also cross-sectional aberration
corrected HRTEM. To achieve statistical significance in our HRTEM investigation,
we have typically analysed more than 20 dislocations for each sample. All samples
considered in the following have been grown on Si (111) substrates.
3.2.2.1. Plan view TEM analysis
Fig. 3.5 shows plan view weak beam TEM images recorded under different excita-
tion conditions of the same region of a sample with a 35 nm thick high temperature
Al0.75Ga0.25N interlayer, which has no GaN cap. Consequently, we see only the misfit
dislocation network at the interface between the Al0.75Ga0.25N layer and GaN buffer.
A closer look reveals that the misfit dislocations can be grouped into two types of
networks.
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Figure 3.5.: Plan view weak beam dark field TEM analysis of the misfit dislocation
network, which has formed at the interface between a 35 nm thick high
temperature Al0.75Ga0.25N interlayer and the GaN buffer underneath. The
sample has no GaN capping. Images (a)-(f) depict all the same speci-
men area and have been recorded under (a) g = 1120, (b) g = 1210, (c)
g = 2110, (d) g = 0110, (e) g = 1100 and (f) g = 1010 g(3g) weak beam
conditions. Red triangles in (f) indicate dislocations having straight line
directions.
Misfit dislocation network type 1
The majority of misfit dislocations forms a dense network3 with a spacing of disloca-
tion lines in the range of 30-50 nm. The most distinctive feature of this type of network
is, however, that their dislocation lines are bowed. A closer inspection of these dislo-
cations in Fig. 3.6 (which is a magnified view of the centre of Fig. 3.5) shows that they
appear as perfect as well as dissociated dislocations. Latter ones are split into 2 partial
dislocations, which are typically separated by only a few nm. In some cases dissoci-
ated dislocations form stacking fault nodes whose lateral extension are about 20 nm.
An example of such an extended stacking fault node is indicated by yellow triangles in
Fig. 3.6.
The geometry and Burgers-vector of respective dislocation lines are schematically
represented in Fig. 3.7 (a). Dislocation lines spanning the stacking fault node are each
3Actually, the misfit dislocation networks are pseudo networks because, as we have seen from cross-
section TEM before, not all misfit dislocations are located exactly at the interfaces of the interlayer,
but are spread vertically around the interfaces. Thus, misfit dislocation lines intersecting each other
in the projected plan view image do not necessarily lie in the same plane and cross each other. This
has to be kept in mind. In terms of the amount of strain relaxation on a macroscopic scale, however,
this makes no big difference. Therefore, in the following we will for simplicity describe the pseudo
networks just as misfit dislocation networks.
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out of contrast for a different g= 1120-type diffraction vector meaning that these three
partial dislocations have a 13 < 1100 > in-plane component in their Burgers-vector.
Further away from the stacking fault node the dislocation lines are extinguished by a
g = 1100-type diffraction vector corresponding effectively to a 13 < 1120 > in-plane
component of the Burgers-vector. The individual lines of the dissociated dislocation
also cannot be separated anymore. This can either be explained by the fact that (i) the
partial dislocations are too close to each other so that the individual strain fields cannot
be sufficiently resolved by weak beam imaging, or (ii) because the dislocations (in-


















On the other hand lines of perfect dislocations like those indicated by blue triangles
in Fig. 3.6 (b) are each out of contrast for one of the three crystallographic equivalent
in-plane g = 1100-type vectors (e.g. the aforementioned dislocation line is not visible
in Fig. 3.6 (e)). According to the g · b = 0 extinction criterion this means that there
are 3 arrays of perfect dislocations each having a 13 < 1120 > in-plane component
in their Burgers-vector (compare also the different images in Fig. 3.5). In order to
determine if these dislocations have also a c-component (out-of-plane component), we
have used dark field imaging with a g = 1101 vector by tilting the specimen from the
< 0001 > zone axis by approximately 30° close to the < 1102 > pole. Unfortunately,
this analysis did not give unambiguous results (not shown here).
As the misfit dislocations of this type of network are not straight, one cannot spe-
cify a uniform angle between the dislocation line and the in-plane component of the
Burgers-vector. For example, for the dislocation line indicated in Fig. 3.6 (b) by the
blue triangle the angle changes along the dislocation line from the left to the right part
of the image on a length scale of about 150 nm from approximately 30° over 90° back
to 60°. Therefore, we consider the angle between dislocation line and Burgers-vector
for this type of misfit dislocation network as a statistically distributed quantity and we
find typically an average value of approximately 60° and a standard deviation of 15°.
Misfit dislocation network type 2
In addition, we observe a widely spaced trigonal network, formed of straight disloca-
tions having < 1120 > line directions (see dislocations indicated by red triangles in
Fig. 3.5 (f)). Misfit dislocations of this type are always dissociated into two partial dis-
locations, which are separated by approximately 5− 10 nm (see dislocation indicated
by red triangles in Fig. 3.6 (e)). Using different diffraction vectors we find the follow-
ing behaviour: (i) Both partial dislocations are out of contrast simultaneously for one
of the g = 1100-type diffraction vectors (for the given example see Fig. 3.6 (d)). (ii)
for the other two remaining g = 1100-type vectors typically both partials are visible
(Fig. 3.6 (e) and (f)). (iii) For one of the g = 1120-type diffraction vectors both partial
dislocations are in contrast (Fig. 3.6 (c)) while (iv) for the other two g= 1120-type dif-
fraction vectors one of the partial dislocation line is extinguished (Fig. 3.6 (a) and (b)).
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Figure 3.6.: Magnified view of the centre region of Fig. 3.5. The plan view weak beam
dark field TEM images depict all the same specimen area and have been
recorded under (a) g= 1120, (b) g= 1210, (c) g= 2110, (d) g= 0110, (e)
g = 1100 and (f) g = 1010 g(3g) weak beam conditions. Yellow triangles
point towards an extended stacking fault node formed by dissociated a-
type dislocations. Blue triangles in (b) and red triangles in (e) indicate a
bowed perfect a-type dislocation and a dissociated a+c-type dislocation,
respectively.
Figure 3.7.: (a) Schematic illustration of the extended stacking fault node indicated in
Fig. 3.6 by yellow triangles. Grey arrows denote Burgers-vectors of the
dislocations and red letters next to the Burgers-vectors indicate the images
in Fig. 3.6 in which the respective dislocation lines are out of contrast. (b)
and (c) Schematic representation of misfit dislocation networks having a
hexagonal honeycomb and "Star of David" geometry, respectively.
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and if one bears in mind that in the case of g= 0110 (Fig. 3.6 (d)) the overlapping strain
fields of both partial dislocations appear as a perfect dislocation in the far field. Dif-
fraction contrast analysis of other misfit dislocations reveals that this type of network
also consist of 3 sets of dislocations corresponding to the three crystallographic equi-
valent in-plane Burgers-vectors in the wurtzite lattice. In contrast to the first type of
network the dislocations of the trigonal network have a constant angle of 60° between
their line direction and the in-plane component of their Burgers-vector (in the case
one considers the perfect dislocation). However, due to the wide spacing of misfit dis-
locations of the trigonal network in the range of several 100 nm their contribution to
mismatch relaxation is insignificant.
3.2.2.2. Aberration corrected HRTEM analysis
Fig. 3.8 and 3.9 show typical examples for aberration corrected HRTEM images of
misfit dislocations at the interface of a 35 nm thick high temperature AlxGa1-xN inter-
layer to the GaN buffer. This analysis reveals the major part of misfit dislocations to be
of a-type. However, individual a-type misfit dislocations differ from each other with
regard to their core structure, perfect or dissociated dislocations, and their character,
mixed- or edge-type. We have observed at least 3 different groups of a-type disloca-
tions: mixed-type and edge-type perfect dislocations as well as dissociated mixed-type
dislocations. This is consistent with our plan-view analysis that revealed that the net-
work formed by the majority of misfit dislocations has an inhomogeneous appearance
with varying line direction and with simultaneous presence of perfect as well as disso-
ciated dislocations.
Fig. 3.8 (c) shows an example for an edge-type (90◦) perfect a-type dislocation re-
corded along the < 1100 > projection in which it is identified as a 90◦ perfect a-type
dislocation by the presence of the two inserted
{ ¯1120} half-planes. In case of a mixed-
type (e.g. 60◦) perfect a-type dislocation only one inserted
{ ¯1120} half-plane is seen
in the < 1100 > projection (Fig. 3.8 (b)). In addition, dissociated mixed-type a-type
misfit dislocations are found and an example is shown in the HRTEM image recor-
ded in the < 1120 > projection in Fig. 3.9 (a). The dissociated a-type dislocation is
easily identified by its characteristic AB AB ABCA CA CA stacking sequence (com-
monly called I2-basal stacking fault in literature [91, 92]) between the two Shockley
partial dislocations. The I2-basal stacking faults typically extend in the range from
2− 20 nm. A closer inspection of the pair of partial dislocations bounding the stack-
ing fault (Fig. 3.9 (b) and (c)) reveals a good agreement with core structure models
of a 90◦ single period and a 30◦ double Shockley partial dislocation in the glide set
configuration. According to Belabbas et al. [93] this combination is the energetically




⟩→ 13 ⟨1010⟩+ 13 ⟨0110⟩). Another detail visible in our HRTEM im-
ages of a-type misfit dislocations is the displacement field of atoms along [0001] due
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Figure 3.8.: Aberration corrected HRTEM images of perfect a-type misfit dislocations
at the AlxGa1-xN interlayer/GaN buffer interface recorded along the (a)
< 1120 > and (b), (c) < 1100 > projection. The images were recorded
with a negative Cs and a small overfocus so that atomic columns appear
bright. White circles indicate the Burgers-circuit, whereby start and finish
points of the right handed circuit are coloured blue and red, respectively.




Figure 3.9.: Aberration corrected HRTEM images of a dissociated a-type misfit dis-
location at the AlxGa1-xN interlayer/GaN buffer interface recorded along
the < 1120 > projection. The image was recorded with a negative Cs and
a small overfocus so that atomic columns appear bright. The Burgers-
circuit is indicated by white circles, whereby start and finish points of the
right handed circuit are coloured blue and red, respectively. The projected
edge component of the Burgers-vector is represented by a red arrow. The
AB AB hexagonal close-packed stacking of the wurtzite lattice and the I2-
basal stacking fault (AB ABCA CA stacking sequence) between the two
Shockley partials are indicated by a grey and green bar, respectively. (b)
and (c) show a magnified view of the partial dislocations from (a) over-
layed with a ball-and-stick model (black balls: Ga, white balls: N) of the
dislocation core structure for a (b) 90◦ single period and (c) 30◦ double
period Shockley partial dislocation with a glide set configuration, respect-
ively (core structure models are taken from Belabas et al. [93, 94]).
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Figure 3.10.: Aberration corrected HRTEM images of a dissociated a+c-type misfit
dislocation at the AlxGa1-xN interlayer interface recorded along the pro-
jection. The image was recorded with Cs ≈ 0 and a small underfocus
so that atomic columns appear dark. The Burgers-circuit is indicated by
white circles, whereby start and finish points of the right handed circuit
are coloured blue and red, respectively. The projected edge component
of the Burgers-vector is represented by a red arrow. In (a) the AB AB
hexagonal close-packed stacking of the wurtzite lattice and the I1-basal
stacking fault (AB ABC BC stacking sequence) between the two Frank-
Shockley partials are indicated by a grey and green bar, respectively. (b)
and (c) show a magnified view of the partial dislocations from (a) over-
layed with a ball-and-stick model (black balls: Ga, white balls: N) of
the dislocation core structure for a (b) 5/7 atom rings edge-type and (c)
12 atom ring mixed-type Frank-Shockley partial dislocation, respectively
(core structure models are taken from Kioseoglou et al. [95] and Komni-
nou et al. [96]).
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to elastic relaxation around the dislocation core (see e.g. Fig. 3.8 (b)). This causes the
residual contrast of a-type misfit dislocation networks in cross-sectional weak beam
dark field images using the (0002) diffraction vector (e.g. in Fig. 3.1 (a)) despite the
fact that the g ·b= 0 criterion for contrast extinction is fulfilled in this case.
In addition to a-type dislocations we also find a few a+c-type misfit dislocations
(see Fig. 3.10). However, compared to the density of a-type misfit dislocations the
latter ones occur typically at least 10 times less frequent. All observed a+c-type mis-
fit dislocations are dissociated into two Frank-Shockley partials, which are typically
separated by 5 nm and span a characteristic stacking fault with an AB AB ABC BC
BC stacking sequence (commonly called I1-basal stacking fault in literature [91, 92])
between them. To gain more information we have compared experimental images of
a pair of partial dislocations with core structure models of Frank-Shockley partials of
a dissociated mixed-type a+c-type dislocation having a < 1120 > line direction. For
one of the partials (Fig. 3.10 (b)) the best agreement is found for an edge-type dislo-
cation involving 5/7 atom rings while for the other partial dislocation (Fig. 3.10 (c)) a
mixed-type partial with a 12 atom ring yields the best match. According to literature
reports [95, 96] both core models are energetically favourable structures among the 12
possible edge-type and 12 possible mixed-type configurations, respectively.
Combining our plan view and high resolution TEM results we conclude that the first
misfit dislocation network consists of a-type dislocations while the second (trigonal)
network is built up of a+c-type misfit dislocations.
3.2.2.3. Lateral homogeneity of the misfit dislocation networks
A comparison of plan view images from different regions of the same sample reveals
that the general appearance of the networks is spatially rather inhomogeneous in terms
of the geometry and arrangement of misfit dislocation lines. It varies on a length-
scale in the order of 10 µm. This fluctuation is exemplarily seen, when comparing
Fig. 3.11 (a) with (b) or Fig. 3.11 (c) with (d). In Fig. 3.11 (b) and 3.11 (d) the misfit
dislocation networks appear to be more ordered and have in some regions, as one might
expect for wurtzite crystals, similarities with a “Star of David” pattern and/or with a
hexagonal honeycomb structure (compare with schematic illustration of these types of
network geometries in Fig. 3.7).
On the other side, comparing samples with different thickness as well as growth
temperature of AlxGa1-xN interlayers (compare Fig. 3.11 (a) with (c) and (e)) shows
that the misfit dislocation networks at the interfaces of AlxGa1-xN interlayers look
qualitatively very similar with respect to the following features: (i) The presence of the
two types of networks, one of which is formed by bowed a-type dislocations having in
average an angle between Burgers-vector and line direction of approximately 60° and
the other consists of straight a+c-type dislocations oriented along < 1120 >. (ii) The
dominance of a-type misfit dislocations and (iii) the spatially rather inhomogeneous
appearance of the misfit dislocation networks.
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Figure 3.11.: Plan view weak beam dark field TEM images of the misfit dislocation
network at the interface between AlxGa1-xN interlayer and GaN buffer.
All images have been recorded under g = 1120 g(3g) weak beam condi-
tions. (a) and (b) show different regions of a sample with a 35 nm thick
high temperature Al0.75Ga0.25N interlayer without GaN capping, (c) and
(d) show different regions of a sample with a 26 nm thin low temperature
Al0.75Ga0.25N interlayer and 120 nm GaN capping and (e) is a plan-view
from a sample with a 70 nm thick low temperature Al0.75Ga0.25N inter-
layer without GaN capping. Red, blue and yellow triangles denote selec-
ted a+c-type dislocations having a straight line direction along< 1120>.
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3.2.3. Macroscopic strain measurements
We will now quantify the degree of strain relaxation in AlxGa1-xN interlayers and the
strain state of the GaN buffer and the GaN overlayer on a macroscopic scale by ex-
situ XRD and in-situ wafer curvature measurements. On the one side we will use
these data later in the discussion part to confirm the macroscopic validity of our results
obtained from the microscopic TEM analysis. On the other side we will measure
the effect of thermally induced stress that arises during the cool-down on the built up
compressive strain in the GaN overlayer ∆ε (difference of strain state GaN overlayer
and GaN buffer) by comparing in-situ wafer curvature measurements with ex-situ X-
ray measurements. The analysis will be done exemplarily for 3 samples which have
been grown on Si (111) substrates and have a comparable buffer structure but different
AlxGa1-xN interlayers (18 nm low temperature, 26 nm low temperature and 35 nm high
temperature Al0.75Ga0.25N interlayer).
3.2.3.1. In-situ wafer curvature monitoring
Figure 3.12 shows the change of wafer curvature with increasing film thickness in-situ,
i.e. during the growth at the deposition temperature for the 3 samples mentioned above.
The graphs can be separated into 3 distinct parts: the stages where the GaN buffer is
grown on top of the silicon substrate, the second stage where the AlxGa1-xN interlayer
is grown and the final stage where the GaN overlayer is grown on top of the
Figure 3.12.: In-situ wafer curvature measurements for 3 samples grown on Si (111)
substrates with different thickness and depostion temperature of the
AlxGa1-xN interlayer (see legend in the graph). The curves are shifted
vertically for clearness. The black dotted lines indicate the different layer,
i.e. the GaN buffer layer, AlxGa1-xN interlayer, and the GaN overlayer.
A positive slope denotes compressive strain.
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Table 3.2.: Summary of results from in-situ wafer curvature measurements
sample
GaN buffer GaN overlayer










35 nm high temperature
11 ± 2 60 ± 2 38 ± 1
Al0.75Ga0.25N interlayer 5
26 nm low temperature
10 ± 2 50 ± 2 42 ± 1
Al0.75Ga0.25N interlayer 6
18 nm low temperature
14 ± 2 42 ± 2 34 ± 1
Al0.75Ga0.25N interlayer 7
interlayer. For the first stage we observe for all 3 samples a similar constant positive





. According to the Stoney equation this means that the
GaN buffer, while being deposited, is under moderate compressive strain4. During
the growth stage of the AlxGa1-xN interlayer, the wafer curvature exhibits overall a
negative slope corresponding to the tensile strain state of the AlxGa1-xN interlayer.
As soon as the GaN overlayer is grown on top of the AlxGa1-xN interlayer the wafer
curvature increases again with the film thickness. However, for the initial growth stage
of the GaN overlayer the slope of the wafer curvature is higher than that during the
growth of the GaN buffer. According to equation (2.38) this indicates the build-up of
an additional compressive strain ∆ε in the GaN overlayer. By comparing the 3 samples
in Fig. 3.12 we find that with increasing thickness of the AlxGa1-xN interlayer also the
change of the slope increases, i.e. more compressive strain is initially built up in the
GaN overlayer. During the further growth of the GaN overlayer, however, the slope of
the wafer curvature decreases again gradually indicating an effective relaxation of the
built up compressive strain. Quantitative results of the analysis of the in-situ curvature
measurements are summarised in Table 3.2. An evaluation of the strain state of the
layers and a comparison with results of the other methods will be given in section 3.3.3.
4This is because the GaN buffer is deposited on a AlN nucleation layer/AlxGa1-xN buffer, which
typically leads to a small amount of compressive strain.
5sample with a 1.7 µm GaN overlayer
6sample with a 1.0 µm GaN overlayer
7sample with a 0.7 µm GaN overlayer
8average slope for the first 100 nm of the GaN overlayer
9average slope for the full thickness of the GaN overlayer
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3.2.3.2. Ex-situ X-ray diffraction
In the following we will evaluate X-ray diffraction data, which have been obtained
ex-situ. These measurements capture the strain state of the layers after growth, i.e. at
room temperature.
We start with X-ray reciprocal space maps (RSM) recorded around the asymmetric
(1124) reflection. To identify the individual peaks in the reciprocal space map, we
have measured three samples from a growth series: the first one is a reference sample
without the AlxGa1-xN interlayer and GaN overlayer (Fig. 3.13 (a)), the second has
additionally a 35 nm thick high temperature Al0.75Ga0.25N interlayer (Fig. 3.13 (b)),
and the third sample corresponds to a full structure with additionally a 1.7 µm thick
GaN overlayer on top of a 35 nm thick high temperature Al0.75Ga0.25N interlayer
(Fig. 3.13 (c)). The most intense peak in the reciprocal space maps is due to the
GaN layers. The other peaks in the reciprocal space maps at higher qx and qz origin-
ate from the step-graded AlxGa1-xN buffer, AlxGa1-xN interlayer and AlN nucleation
layer, respectively. The signal of the AlxGa1-xN interlayer (see dashed white circle in
Fig. 3.13) is identified by comparing the reciprocal space map of the first sample with
that of the second/third one. Although the signal is very weak it is possible to apply 2D
Gaussian fitting routines and to extract the in-plane reciprocal lattice parameter of the
AlxGa1-xN interlayer. The results (also from two other samples, which are not shown
here) are listed in Table 3.3.
A closer look of the GaN peak in Fig. 3.13 (d) for a full structure, i.e. a sample with
a GaN buffer and a GaN overlayer on top of a AlxGa1-xN interlayer, reveals that the
GaN peak is composed of two separate peaks, a main peak and a shoulder at smaller qx-
values (both are aligned approximately along the dotted line in Fig. 3.13 (d)). These
two peaks originate from the GaN buffer and GaN overlayer, respectively, having a
different strain state. However, due to the strong broadening of the peaks almost along
that direction in the reciprocal space, which corresponds to pairs of (qx, qz) of GaN
under a varying strain state, an unambiguous determination of the qx-values for both
GaN layers from the reciprocal space maps of the asymmetric (1124) reflection is not
possible.
Therefore, we have performed high resolution θ/2θ -scans of symmetric reflections.
Measurements for the 3 samples (same samples as in the in-situ wafer curvature graphs
in Fig. 3.12) are shown in Fig. 3.14. A separation of the GaN (0002) and (0006) re-
flection, respectively, into 2 peaks can be recognized even with the naked eye. The
best agreement with the measured data is obtained by fitting the curve, however, with
3 peaks: 2 main peaks which correspond to GaN under tension and compression, re-
spectively, and another broad shoulder at lower 2θ -values that is caused by diffraction
at even more compressively strained GaN. Fitting results are given in Table 3.3.
In order to identify the contributions from the different layers to the 3 peaks we
have measured a sample, which has been prepared as a wedge similar as depicted
schematically in Fig. 3.15 (b). The sample has been prepared with a very shallow angle
of θwedge = 0.1° by mechanical polishing with diamond lapping foils (first 1 µm then
0.1 µm grain size) and finally chemo-mechanical polishing (colloidal silica slurry with
average particle size of 35 nm and pH of 10) to reduce the thickness of the preparation
related surface damage layer. By measuring at different x-positions on the bevelled part
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Figure 3.13.: Reciprocal space maps of the (1124) reflection from a sample series
where the growth was stopped after (a) the GaN buffer, (b) a 35 nm thin
high temperature Al0.75Ga0.25N interlayer on top of the GaN buffer and
(c) after an additional 1.7µm thick GaN overlayer, respectively. White
dashed cirles highlight the signal from the Al0.75Ga0.25N interlayer. In
(d) a magnified view of the GaN peak. The dashed black line denotes the
direction in the reciprocal space, which is perpendicular to the diffraction
vector and is the main direction of peak broadening (typically denoted as
mosaic spread in literature). The dotted black line corresponds to pairs




Figure 3.14.: High resolution XRD θ/2θ -scans of samples with (a) 35 nm thick high
temperature, (b) 26 nm low temperature and (c) 18 nm low temperature
Al0.75Ga0.25N interlayer, respectively. The θ/2θ -scans were carried out
for the (a) and (b) GaN (0002), (c) GaN (0006) reflection, respectively.
Black symbols denote experimental data and simulations are shown in
red. The dashed grey lines indicates the 2θ -values of relaxed GaN.
of the sample we obtain depth integrated XRD signals, which correspond to different
effective thicknesses of the film. The depth-resolution ∆z is limited by the finite size
of the X-ray beam (dbeam = 0.1 mm), the wedge angle θwedge and the incident angle





and amounts for the given parameters to approximately 200 nm. The experiment yields
two important results, which are visible in Fig. 3.15 (a). (i) A peak at higher 2θ -values,
corresponding to tensile strained GaN, appears as soon as the X-ray beam hits the film
wedge. Thus, this peak must originate from the lower part of the film, i.e. from the
GaN buffer. The 2θ -value of this peak does not change with the x-positions of the
measurement implying that the strain state of the GaN buffer is constant along the
vertical direction. (ii) A second peak at a lower 2θ -value, corresponding to compress-
ively strained GaN, arises as the sample is moved further relative to the X-ray beam
and the thickness of the film increases, i.e. also the GaN overlayer gets illuminated
by the beam. In contrast to the first peak the second one shifts continuously towards
higher 2θ -values for increasing thickness of the film (corresponding to an increasing
x-position of the measurement). This means that there is a vertical strain gradient in the
GaN overlayer, whereby the part directly above the AlxGa1-xN interlayer exhibits the
highest compressive strain and consequently causes the shoulder at lower 2θ -values in
the θ/2θ -measurements.
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Figure 3.15.: (a) High resolution XRD θ/2θ -scans of the GaN (0006) reflection from
different x-positions of a sample which was prepared as a wedge. The
sample is the same one as in Fig. 3.14 (b). The 2 black arrows are a
guide to the eye and represent the change of the peak position for the 2
main peaks for increasing values of the x-position. The dashed grey line
indicates the 2θ -value of relaxed GaN. (b) Schematic representation of
the experimental setup. x=0 corresponds to the horizontal position where
the GaN (0006) reflection has just sufficient intensity to be detected, i.e.
close to the edge of the GaN film wedge.
Table 3.3.: Summary of results from the ex-situ X-ray diffraction measurements
sample
θ/2θ -scans (1124) RSM












35 nm high temperature
5.1813 (5) 5.1875 (5)13 6.321 (5)13
Al0.75Ga0.25N interlayer 10
26 nm low temperature
5.1810 (5) 5.1875 (5)13 6.297 (5)13
Al0.75Ga0.25N interlayer 11
18 nm low temperature
5.1811 (5) 5.1862 (5)13 6.291 (5)13
Al0.75Ga0.25N interlayer 12
10sample with a 1.7 µm GaN overlayer
11sample with a 1.0 µm GaN overlayer
12sample with a 0.7 µm GaN overlayer
13The number in brackets denotes the error of the lattice parameter determination due to uncertainties




In the following we will discuss our experimental results in terms of the build-up of
compressive strain in the GaN overlayer. In the first part we will give a phenomenolo-
gical explanation why strain engineering with AlxGa1-xN interlayer works and how it
is possible to generate compressive strain in the subsequent layer. In the second part
we will perform a quantitative evaluation of the strain-engineering process on the basis
of our TEM observations. Finally, we will compare results from the different strain
measurement techniques (i) to prove our microscopic TEM model to be valid also on
a macroscopic scale and (ii) to discuss the influence of the thermal stress on the strain
relaxation process.
3.3.1. Phenomenological model for the build-up of
compressive strain by AlxGa1-xN interlayer
Our in-situ wafer curvature measurements have clearly shown that the compressive
strain starts to build up once GaN is grown top of the AlxGa1-xN interlayer. This is
true for all samples described above, though the amount of compressive strain depends
on the detailed growth parameters of the AlxGa1-xN layer such as thickness and Al
content. According to our TEM results the build-up of compressive strain is caused by
an effective plastic relaxation of the AlxGa1-xN interlayer due to formation of misfit
dislocation networks. Cross-sectional TEM imaging also reveals that misfit disloca-
tion networks form at both interfaces of the AlxGa1-xN interlayer. While the misfit
dislocations located at the lower interface between AlxGa1-xN interlayer and GaN buf-
fer relaxes the AlxGa1-xN interlayer by introducing extra half-planes (as can be seen
e.g. in Fig. 3.8) those at the upper interface of the AlxGa1-xN interlayer relieve the lat-
tice mismatch between the GaN overlayer and the AlxGa1-xN interlayer by retracting
half-planes in the GaN overlayer.
However, since the spacing of misfit dislocations at the upper interface of the
AlxGa1-xN interlayer is always higher than at the lower interface, the GaN overlayer
grows compressively strained. The schematic drawing in Fig. 3.16 demonstrates this
phenomenon. A detailed analysis of the strain relaxation mechanisms that induce this
favourable imbalance will be the focus of chapter 4. Also the effect of the AlxGa1-xN
interlayer thickness on the generated compressive strain will be discussed in this chapter.
3.3.2. Modelling of TEM results
In the following we will quantitatively estimate the amount of strain relaxation of the
AlxGa1-xN interlayer and the resulting build-up of compressive strain in the GaN over-
layer with the help of the information we have gained from our TEM investigation.
We will use a similar approach for the calculation as presented by Moran et al. [97].
Before we begin with the modelling, we want to briefly summarise to relevant results.
We have seen that strain relaxation occurs at both interfaces of the AlxGa1-xN inter-
layer mainly by formation of a-type misfit dislocation networks. A systematic differ-
ence between the average spacing of dislocation lines at the upper and lower interface
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Figure 3.16.: Schematic illustration of the build-up of compressive strain due to as
asymmetry in plastic relaxation between the interfaces of AlxGa1-xN in-
terlayers. Black lines represent vertical lattice planes. The two GaN
layers (buffer and overlayer) and the AlxGa1-xN interlayer are depicted
as light and dark grey shaded areas, respectively. The "T" symbols desig-
nate misfit dislocations, whereby the vertical element points towards the
inserted half-plane.
of the AlxGa1-xN interlayer finally leads to the build-up of compressive strain in the
GaN overlayer.
From our HRTEM and plan-view TEM investigation we have seen that (i) the geo-
metry of the a-type misfit dislocation networks is spatially rather inhomogeneous and
varies on a 10 µm scale. In some regions of the interfaces of the AlxGa1-xN interlayer
the misfit dislocation network has similarities with a “Star of David” or hexagonal hon-
eycomb geometry as one might expect for wurtzite crystals [98, 99, 100, 101] or as it
has been reported also for other materials like Si/Ge (111)[102, 103] and InAs/GaAs
(111) [104]. ii) On the other hand we have seen that the a-type misfit dislocations
appear as perfect as well as dissociated dislocations and their line direction varies on
a 100 nm scale between 30-90°. Therefore, we have to consider for our analysis the
statistical average of the networks, i.e. the average effective dislocation line spacing
and the average line direction. We assume in the following that the misfit dislocation
networks consist of 3 arrays of dislocations, whose effective line direction has in av-




. Since in our case partial
dislocations always appear as pairs of a dissociated perfect dislocations (in contrast to
a network formed only of partials as reported by Zhang et al. [101]) this considera-
tion holds independent on the fact whether on a local scale the dislocations are perfect
60° dislocations or split into 30◦ and 90◦ Shockley partials. For the latter case the
strain fields of the 2 partials simply add up to that of an undissociated dislocation and
the amount of lattice relaxation is the same. The amount of misfit, which has been








⏐⏐⏐b⃗IF ⏐⏐⏐ is the modulus of the component of the Burgers-vector that lies in the inter-
facial plane, ϕ is the angle between b⃗IF and the line direction and darray is the average
spacing between dislocations of an array. The factor αgeo implies the geometry of the
misfit dislocation network. For a hexagonal as well as trigonal network consisting of 3
arrays of misfit dislocations the factor equals to αgeo = 32 [97]. In principle darray can
be easily determined directly from plan view images. However, in case of overlapping
misfit dislocation networks from both interfaces of the AlxGa1-xN interlayer and also
in case of samples, which have a thick GaN overlayer, an evaluation of darray from plan
view images is not suitable or even not possible at all (e.g. TEM specimen would be to
thick to be electron transparent). Therefore, we have estimated the average spacing of
misfit dislocations from cross-sectional images considering the fact that one observes
a projection of several dislocation arrays (see Fig. 3.17). For a network consisting of 3
arrays of misfit dislocations, darray can be calculated from the average spacing of misfit















darray = dimage · (cosθ1+ cosθ2+ cosθ3) , (3.6)
where L is a arbitrary unit length, #i is the number of dislocations of array i seen
per unit length L and θi is the angle between the viewing direction and the average line
direction of dislocations of array i (see Fig. 3.17).
In order to account for the inhomogeneous appearance of the network and the non-
straight line direction, we modify eq. (3.6) by introducing a random fluctuation (Gaus-
sian distribution f (σ , θ ∗)) of the line direction from its average value
darray = dimage ·
[ˆ
|cos(θTEM+θ ∗)| · f (σ , θ ∗)dθ ∗
+
ˆ
|cos(θTEM+60◦+θ ∗)| · f (σ , θ ∗)dθ ∗
+
ˆ















where θTEM denotes the angle between the electron beam and the average direction
of one array of the dislocation lines and σ is the standard deviation of the line direction
53
3. Strain-engineering with AlxGa1-xN interlayer - build-up of compressive strain
Figure 3.17.: Schematic representation for the calculation of the average spacing
between misfit dislocation lines of an array darray from the measured
average spacing of all misfit dislocations seen in cross-sectional TEM
images dimage. (a) shows a side view of a cross-sectional TEM specimen
with a misfit dislocation network at an interface and (b) shows a top view
of the cross-sectional TEM specimen. In (b) the grey shaded area rep-
resents the TEM specimen. Red, blue and green (a) dots and (b) lines
denote the 3 arrays of misfit dislocations where each of them has an aver-
age spacing of their dislocation lines of darray. Black arrays indicate the
viewing direction (direction of electrons in the TEM) and θ1−3 are the
angles between the viewing direction and the dislocation lines.
from its average value. In eq. (3.7) we have also made use of the crystal symmetry and
the fact that in average the 3 dislocation arrays should be equivalent after rotation by
120°. Thus, we can reduce the number of parameters to one value θTEM. E.g. for
imaging close to the < 1100 > zone axis and the aforementioned geometry (average
line direction along < 1120>) we have θTEM = 30°. In combination with the standard
deviation of σ = 15° we obtain
darray = dimage ·1.88 . (3.9)
Because of the curved line direction, we average the sinϕ term (ϕ is in average ap-










In order to calculate the resulting compressive strain in the GaN overlayer, an ef-
fective misfit dislocation spacing according to








has to be considered because of the opposite effect of lattice relaxation by misfit
dislocations at the lower and upper interface of the AlxGa1-xN interlayer, respectively.










and for the build-up of compressive strain in the GaN overlayer
∆εTEM =
⏐⏐⏐⃗b⏐⏐⏐0.84




Together with the average misfit dislocation spacings at the interfaces of
AlxGa1-xN interlayers, which we have determined in sub-section 3.2.1 (see Table 3.1),
we can now calculate both values using eq. (3.12) and (3.13). In Table 3.4 we sum-
marise the results from our TEM modelling for the amount of strain relaxation in
AlxGa1-xN interlayers and for the resulting build-up of compressive strain in GaN
overlayers for 3 samples.
3.3.3. Comparison with macroscopic strain measurements
First we will perform a quantitative analysis of the macroscopic strain measurements
and discuss briefly limitations and problems of both techniques. Afterwards we will
then compare the results from the different strain measurement techniques.
3.3.3.1. In-situ waver curvature monitoring
The strain state of the GaN buffer and GaN overlayer during the growth has been
evaluated for the 3 samples shown in Fig. 3.12 (18/26 nm low temperature and 35 nm
high temperature Al0.75Ga0.25N interlayer in a GaN film grown on Si (111)) from
in-situ wafer curvature measurements with the help of the Stoney equation. As the
slope ∂κ∂ t f is approximately constant for all 3 considered samples within the last 300 nm
before the AlxGa1-xN interlayer, the calculation of the strain state of the GaN buffer is
straightforward. However, as the curvature κ does not increase linearly with the film
thickness during the growth of the GaN overlayer, the strain analysis becomes more
complicated. This problem was address by Krost et al. [105]. The gradual decrease
of the curvature during the growth can be explained in 2 ways. In the first case it
is assumed that the strain varies vertically in the layer while in the second case it is
assumed that the strain in the layer is homogeneous along the growth direction but
varies as a function of the layer thickness, i.e. a gradual relaxation process occurs at
the interface between the layers and changes the strain state of the entire top layer.
Following the work of Krost et al. [105], in the first case the strain can be calculated at
each depth of the layer by the slope of the curvature
ε(t f )∼ ∂κ∂ t f , (3.14)
while in the second case the strain of the layer is given by the secant
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However, from the in-situ curvature measurement alone it is neither possible to
distinguish, which of both method is the correct one nor one can reveal the mechanism
behind this strain relaxation phenomenon. Using the secant for the strain analysis,
however, will give in any case the thickness averaged strain state of the layer. The
build-up of compressive strain ∆ε is then calculated simply by subtracting of the strain
state of the GaN overlayer and GaN buffer
∆εcurvature = εoverlayer− εbu f f er . (3.16)
The results are given in Table 3.4. Unfortunately, strong fluctuations of the wafer
curvature during the growth of the AlxGa1-xN interlayer (caused probably by changes
e.g. of the wafer temperature and/or reactor pressure) prevent a reliable evaluation of
the strain state of the the AlxGa1-xN interlayer.
3.3.3.2. XRD measurements
To determine the strain state of the GaN layers and the amount of relaxation of
AlxGa1-xN interlayers after the growth we use the XRD results given in Table 3.3.
The easiest way to obtain the built up compressive strain in the GaN overlayer is to


















The amount of strain relaxation of AlxGa1-xN interlayers can be calculated via the





rocal space maps, according to
δXRDAlGaN =
aAlGaN interlayer
aGaN bu f f er
−1 . (3.18)
However, due to the overlap of the 2 GaN peaks in the reciprocal space maps, the
evaluation of the in-plane lattice parameter of the GaN buffer is not directly possible
and we have to choose a similar approach as just before by using again the out-of-plane
lattice parameter and assuming tetragonal distortion of the GaN buffer
δXRDAlGaN =
2 · (qAlGaNx )−1




aGaN bu f f er = arelaxed GaN ·
(
1+ εxx bu f f er
)




εzz bu f f er
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The results are listed in Table 3.4 for the same 3 samples as in the case of the TEM-
and in-situ wafer curvature strain analysis .
Let us now briefly address an important point that has to be considered particularly
for the interpretation of the XRD strain measurements for the samples under invest-
igation. Our XRD measurement of the wedge sample has revealed a vertical strain
gradient in the GaN overlayer14. Because of the depth integrating character of the
XRD technique, one has to keep in mind, that the peak position of the GaN overlayer
will, however, correspond rather to the average strain state of this layer.
3.3.3.3. Comparison of results
Table 3.4 summarises the values for the build-up of compressive strain in the GaN over-
layer and the amount of strain relaxation for AlxGa1-xN interlayers obtained from the
different calculation methods (TEM analysis, ex-situ XRD and in-situ wafer curvature
measurements) for 3 different samples with 18/26 nm low temperature and 35 nm high
temperature Al0.75Ga0.25N interlayers in a GaN films grown on Si (111). The compar-
ison of the results reveals that within the accuracy of our TEM model the calculated
values for the build-up of compressive strain in the GaN overlayer as well as the re-
laxation of AlxGa1-xN interlayers are in good agreement with the macroscopic strain
measurements. The accuracy of our TEM method is mainly limited by the statistical
error due to fluctuations in the dislocation line spacing. The accuracy becomes bet-
ter as the degree of relaxation (i.e. the number of misfit dislocations per unit length)
increases. Our microscopic model, i.e. the asymmetry in plastic relaxation at both
interfaces of the AlxGa1-xN interlayer, thus correctly describes the strain-engineering
process and is valid to explain the macroscopic effect of the build-up of compressive
strain by AlxGa1-xN interlayers. Our experimental observations and our phenomenolo-
gical model are furthermore consistent with previous reports in literature about the ori-
gin for the build-up of compressive strain by AlxGa1-xN interlayer. Bläsing et al. [28]
and Reiher et al. [29] have studied thin AlN interlayer by XRD and observed a de-
coupling of GaN layers separated by low temperature AlN interlayer. They proposed
that thin low temperature AlN interlayer grow incoherent and thus would induce a
compressive strain in the subsequent GaN layer. In contrast to that they found that
14This observation is fully consistent with reports in literature on a gradual relief of the built up com-
pressive strain in the GaN overlayer [106, 107, 108, 109, 110, 111] and is explained by the inclin-
ation of a-type threading dislocations from the growth direction towards < 1100 >. We have also
observed the inclination of threading dislocations in TEM micrographs (e.g. see Fig. 4.1 (d) and (f)
in the next chapter ) but we do not want to go into detail of this mechanism as it has already been
intensively discussed in literature [106, 107, 108].
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3.4. Summary of this chapter
thin high temperature AlN interlayers with the same nominal thickness grow pseudo-
morphic and do not produce compressive strain. Our results and reports from several
other authors [24, 25, 26, 112], however, demonstrate that high temperature AlxGa1-xN
interlayers relax as well and thus induce also compressive strain into the subsequent
GaN layer, very similar to the case of low temperature AlxGa1-xN layers. The reason
for this open discrepancy will be investigated in detail in the next chapter.
Let us finally compare the results of the ex-situ (XRD and TEM) and in-situ (wafer
curvature monitoring) methods. One the one side, as mentioned just before, the ad-
ditional built up compressive strain ∆ε during the initial growth stage of the GaN
overlayer, as determined from the in-situ wafer curvature measurement (slope of the
curve), agrees well with the value obtained from ex-situ TEM data. One the other
hand, the results for the average built up compressive strain in the GaN overlayer from
ex-situ XRD and in-situ curvature measurement (secant of the curve) also agree well.
Furthermore, our TEM investigation of samples grown on silicon, sapphire and GaN
substrates show no difference in the microstructural features, which are relevant for
the strain relaxation process (misfit dislocation networks are present at the both in-
terfaces of AlxGa1-xN interlayers, however, with an asymmetry in the dislocation line
spacing between the upper/lower interface). All these findings indicate that AlxGa1-xN
interlayers relax during growth and that the thermally induced stress during the cool-
down does not affect the strain relaxation process, at least within the precision of our
measurements.
3.4. Summary of this chapter
In this chapter we have shown that strain-engineering with AlxGa1-xN interlayers, i.e.
the build-up of compressive strain in the subsequent layer, is based on an asymmetry
in plastic strain relaxation between the interfaces of AlxGa1-xN interlayers. Misfit dis-
location networks consisting of mainly a-type dislocations occur at both interfaces.
However, the line spacing of misfit dislocations is always higher (i.e. the amount of
plastic relaxation is smaller) at the upper interface of AlxGa1-xN interlayers than at
the lower one. This difference finally leads to the build-up of compressive strain in
the layer grown on top of the AlxGa1-xN interlayer. Our studies reveal that this phe-
nomenon occurs qualitatively independently on growth parameters of the AlxGa1-xN
interlayer like the thickness and deposition temperature. Also the choice of the sub-
strate where the film is grown on and thus the thermal stress during cool-down after
the growth does not significantly affect the strain relaxation process. However, with




4. Growth and relaxation
mechanism of (0001)-oriented
III-nitride heterostructures
4.1. Aim of this chapter
Although plastic relaxation of strained heterostructures in (0001)-oriented III-nitride
wurtzite films has been widely studied in literature, see e.g. reports about relaxation
of AlxGa1-xN on AlN [97, 107, 113, 114, 115, 116], AlxGa1-xN on GaN [30, 114, 117,
118, 119] and InxGa1-xN on GaN [31, 33, 120], several questions remain unsolved
so far. For example: (i) Why can compressively strained layers be grown up to ten
times as thick as tensile strained layers before plastic relaxation occurs (compare e.g.
Ref. [116] with [119])? (ii) Why are AlxGa1-xN interlayers grown at lower temper-
ature (partly) relaxed but deposition at higher temperature results in pseudomorphic
growth [29, 105]?
Moreover, there is so far no quantitative model in the literature, which considers the
dislocation formation mechanism, i.e. nucleation and glide of dislocations1. This is,
however, a particular intricate problem for (0001)-oriented strained III-nitride wurtzite
heterostructures under plane stress conditions (i.e. thin 2-dimensional layers), since
in this case the resolved shear stresses, as driving force for dislocation nucleation
and glide, are zero for the primary slip-systems (see chapter 2.1 for an overview
about the slip-systems in wurtzite films). Plastic relaxation of (0001)-oriented strained
III-nitride wurtzite films is thus typically inhibited and basic concepts for modelling
plastic relaxation like the Matthews-Blakeslee critical thickness model [122] do not
give meaningful results.
The aim of this chapter is therefore to gain a deeper quantitative understanding
about the microscopic mechanism behind the plastic relaxation process of (0001)-
oriented strained III-nitride wurtzite films. As a first step we will sort out the dominant
mechanism for formation of misfit dislocations at the interfaces of AlxGa1-xN inter-
1Holec et al. [34, 121] have indeed quantitatively treated plastic relaxation of (0001)-oriented strained
III-nitride films using an energy minimisation approach (as shown by Freund and Suresh [39] this
approach gives same results as the Matthews-Blakeslee-model [122]), but they have neglect the
dislocation formation process. The agreement between theoretically predicted and experimentally
observed critical thickness values is also rather poor: Vennegues et al. [30] determined for the case
of AlN on GaN experimentally a critical thickness range for formation of a-type misfit dislocations
of 3.5− 8 nm, while the energy minimisation approach [34] predicts for the 13 < 1120 > |{0001}
slip-system (i.a. a-type misfit dislocations) a critical thickness of approximately 0.7 nm (2−3 mono-
layers).
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layers - bending of existing threading dislocations or nucleation of new dislocations.
For this purpose we will compare the dislocation structure in the GaN layers above
and below AlxGa1-xN interlayers buffer in samples, which have been grown either
heteroepitaxially on a Si (111) substrate or homoepitaxially on a bulk GaN (0001)
substrate2 resulting in different threading dislocation density in the GaN buffer. In
the second part of the experimental section we study the initial stages of growth and
plastic relaxation of high temperature as well as low temperature AlxGa1-xN interlay-
ers and GaN overlayers on top of relaxed AlxGa1-xN interlayers. Therefore, series of
dedicated samples where growth of the AlxGa1-xN interlayer and the subsequent GaN
overlayer has been stopped at different stages of the growth will be investigated by
TEM and atomic force microscopy (AFM). Using these experimental results together
with finite element method calculations we will establish a quantitative model for the
plastic relaxation mechanism of AlxGa1-xN interlayers as dependent on growth, which
also includes the dislocation formation kinetics. Thereby we will develop generalised
framework that is applicable for any (0001)-oriented strained III-nitride heterostruc-
ture. Finally, we will discuss the implications of the AlxGa1-xN interlayer growth
parameters on the strain engineering process.
4.2. Experimental results
4.2.1. Analysis of the dislocation structure in the GaN film
Fig. 4.1 shows weak beam dark field TEM images of GaN films with AlxGa1-xN in-
terlayer grown on Si (111) and HVPE GaN (0001) substrates. Hardly surprising the
density of threading dislocations in the GaN buffer (≈ 109 cm−2) below the AlxGa1-xN
interlayer and especially in the nucleation layer and step-graded AlxGa1-xN buffer
(≈ 1011 cm−2) is much higher in the heteroepitaxially grown film than in the sample
grown on the HVPE GaN substrate (≤ 107 cm−2). A comparison of micrographs recor-
ded with different diffraction vectors of the same specimen region reveals, that almost
all threading dislocations are visible in the weak beam dark field image recorded under
g = 1100 g(3g) weak beam conditions (right images), while a part of them are simul-
taneously visible also in the g = 0002 g(3g) weak beam dark field images. This means
that there are mainly a-type and a+c-type threading dislocations in the GaN film. In
the case of the heteroepitaxially grown structure on a Si (111) substrate the ratio of
a-type vs. a+c-type-dislocations in the GaN buffer below the AlxGa1-xN interlayer is
approximately 2 : 1, whereby the threading dislocation density in this layer is in the
range of 1−2 ·109 cm−2.
Regarding the dislocation structure in the GaN layer grown on top of the AlxGa1-xN
interlayer we find 3 distinct differences compared to the GaN buffer: (i) We observe
in all investigated samples initially an increase of the overall dislocation density in the
GaN overlayer directly above the AlxGa1-xN interlayer (especially in the first 200 nm).
This becomes particularly evident for the sample grown on the GaN substrate (see
2We have used a commercially available bulk GaN substrate, which has been grown by hydride vapour
phase epitaxy (HVPE) on a sapphire (0001) substrate.
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Figure 4.1.: Cross-sectional weak beam dark field TEM micrographs of GaN films
with AlxGa1-xN interlayers grown on (a) and (b) a Si (111) and (c) and
(d) a GaN (0001) substrate, respectively. Images on the left/right side
show the same regions of the respective specimens but are recorded under
g = 0002/g = 1100 g(3g) conditions, respectively. All images are on the
same scale.
Fig. 4.1 (d)). From a g · b analysis we find that these new threading dislocations are
all a-type dislocations. (ii) In contrast to that, the density of dislocations having a
c-component decreases from the GaN buffer to the GaN overlayer. Interestingly, es-
pecially threading dislocation having a c-component tend to bend into the basal plane
at the interface between the GaN buffer and the AlxGa1-xN interlayer. On the other
hand, formation of new a+c-type dislocations at the AlxGa1-xN interlayer is observed
much less frequently than of a-type dislocations. Consequently the ratio of a-type vs.
a+c-type dislocations changes from the GaN buffer to the GaN overlayer from 2:1 to
5:1-10:1 in the case of the heteroepitaxially grown films. For the sample grown on the
GaN substrates there are in both GaN layers almost only a-type threading dislocations.
(iii) Another interesting results is that most of the threading dislocations in the GaN
overlayer do not proceed along the growth direction (as it is approximately the case in
the GaN buffer) but are initially inclined from the [0001] direction by approximately
25◦.
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4.2.2. Initial stages of growth and relaxation at
AlxGa1-xN/GaN and GaN/AlxGa1-xN heterostructures
4.2.2.1. First growth stage of a high temperature AlxGa1-xN interlayer
Figure 4.2 shows the first growth stage of a high temperature AlxGa1-xN interlayer
(x≈ 0.75, growth temperature≈ 1050°C) where the growth has been stopped after de-
position of approximately 11 nm. Under the given conditions the high temperature
AlxGa1-xN interlayer grows 2-dimensionally. The layer, however, is cracked. Cross-
sectional STEM-HAADF imaging (Fig. 4.2 (a)) reveals, on the one side, that the cracks
tips are atomically sharp and, on the other side, that the cracks do not only propag-
ate through the high temperature AlxGa1-xN interlayer but extend also a few nm into
the GaN buffer. In average the depth of the cracks is 1.2 times the thickness of the
AlxGa1-xN interlayer. The crack pattern has been further investigated by SEM ima-
ging (Fig. 4.2 (b)). We find that the cracks extend mainly along the < 1120 >- dir-
ections, but they do not necessarily form a closed network where each crack is bound
by another one. Some of the cracks begin/end somewhere in the film. According to
Hutchinson and Suo [123] such pattern corresponds to “surface cracks”, i.e. cracks
that are the nuclei for an extended crack network. The average spacing of adjacent
parallel cracks is approximately 300 nm. Atomic force microscopy reveals that the
surface of the high temperature AlxGa1-xN interlayer between the cracks is atomically
flat (monolayer steps can be seen in Fig. 4.2 (d)) and the width of the flat terraces is in
the range of 50−100 nm. Interestingly, the crack network appears in AFM topography
images as an “elevation” with a z-height of approximately 0.5 nm above the mean value
of the surrounding surface (corresponding to the bright lines in Fig. 4.2 (d)).
However, the absence of a dense misfit dislocation network in plan view TEM
(Fig. 4.2 (c)) shows that at this growth stage plastic relaxation has not occurred yet.
The contrast in the plan view weak beam dark field image arises from local lattice
distortions caused by the cracks. Another interesting finding is the existence of a thin
layer in the high temperature AlxGa1-xN interlayer after a thickness of approximately
8 nm, which appears darker in the STEM-HAADF image than the AlxGa1-xN inter-
layer matrix. This layer is found across the entire lateral range (several 100 µm) of
the cross-sectional specimen, which was thin enough to be observed in the TEM. This
points to an local increase of the Al concentration in the AlxGa1-xN layer.
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Figure 4.2.: First growth stage of a high temperature Al0.75Ga0.25N interlayer. (a)
cross-sectional STEM-HAADF image, (b) SEM image of the surface us-
ing secondary electrons (c) plan view weak beam dark field TEM for
g = 1100 g(3g) weak beam conditions and (d) AFM surface topography
image (height scale is 2.5 nm).
4.2.2.2. First growth stage of a low temperature AlxGa1-xN interlayer
In contrast to the high temperature AlxGa1-xN interlayer, the low temperature layer
(deposition temperature≈ 800°C) grows 3-dimensionally as can be seen e.g. in the
AFM topography image (Fig. 4.3 (d)). Cross-sectional STEM-HAADF imaging re-
veals a Stranski-Krastanov like growth with a transition towards island growth after an
approximately 2 nm thin wetting layer (Fig. 4.3 (a)). At this growth stage the islands
have a hemispherical shpae with a lateral size of the islands of typically 15−30 nm and
approximately 5 nm deep trenches between them. Because of the hemispherical shape
one might question whether the islands are really crystalline AlxGa1-xN or whether
they have formed from liquid droplets. But high resolution STEM-HAADF imaging
in Fig. 4.3 (b) unambiguously shows that the island have crystallised in the wurtzite
structure. Same as in the case of the thin high temperature AlxGa1-xN interlayer, plastic
relaxation has not occurred yet for the 7 nm thin low temperature AlxGa1-xN interlayer
(x≈ 0.75). The contrast in the plan view weak beam image in Fig. 4.3 (c) is caused by
local lattice distortions associated with the island edges.
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Figure 4.3.: First growth stage of a low temperature Al0.75Ga0.25N interlayer. (a) and
(b) cross-sectional STEM-HAADF images, (c) plan view weak beam dark
field TEM under g= 1120 g(3g) weak beam conditions of the same sample
and (d) AFM surface topography image (height scale is 2.5 nm).
4.2.2.3. Second growth stage of a high temperature AlxGa1-xN interlayer
The second growth stage of the high temperature AlxGa1-xN interlayer corresponding
to a layer thickness of approximately 35 nm is displayed in Fig 4.4. This sample has
been grown on a sapphire (0001) substrate. In contrast to the first growth stage, we
find for this sample a misfit dislocation network at the interface between the AlxGa1-xN
interlayer and GaN buffer. We want to emphasise again that not all misfit dislocations
are located exactly at the interface but are vertically spread around it by up to 50 nm.
However, the misfit dislocations tend to be arranged roughly in 2 planes as indicated
by the 2 white triangles in Fig. 4.4 (a). A detailed plan view TEM analysis of the
misfit dislocation network has already been carried out for a nominal identical sample,
however, grown on a Si (111) substrate, in section 3.2.2 (see Fig. 3.5 on page 36).
Just as a quick reminder, in section 3.2.2 we have shown that the misfit dislocation
networks are formed mainly by 3 sets of a-type dislocations having bowed dislocation
lines.
On the other hand, we find that the surface morphology of the high temperature
AlxGa1-xN interlayer has not much changed compared to the first growth stage, i.e. the
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Figure 4.4.: Second stage of the growth of a high temperature Al0.75Ga0.25N interlayer.
The sample was depostited on a sapphire (0001) substrate. (a) cross-
sectional bright-field TEM image recorded under g= 1120 two-beam con-
ditions, white triangles indicate misfit dislocations. (b) SEM image of the
surface using secondary electrons and (c) AFM surface topography image
(height scale is 1.3 nm). The white arrow in (b) is along < 1120 >.
layer is cracked but has still an atomically flat surface between the cracks with a similar
average width of the terraces of approximately 70 nm (see AFM topography image in
Fig. 4.4 (c)). However, SEM imaging (Fig. 4.4 (b)) reveals that the crack pattern de-
viates from that of the sample with the thinner high temperature AlxGa1-xN layer. For
the present sample, all cracks propagate laterally (predominantly along the < 1120 >-
directions) until they are bounded by another one. According to common terminology
they are called “channelling cracks” [123]. The average spacing of adjacent parallel
cracks is approximately 4.5 µm for this sample.
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4.2.2.4. Second growth stage of a low temperature AlxGa1-xN interlayer
For the second growth stage of a low temperature AlxGa1-xN interlayer we have invest-
igated 2 samples - one sample, which has a 16 nm thick low temperature
Al0.75Ga0.25N interlayer and a second one where the growth was stopped after de-
position of a 70 nm thick low temperature Al0.75Ga0.25N interlayer. However, the first
sample has been grown with a GaN overlayer on top of the AlxGa1-xN interlayer. Nev-
ertheless, as we will see, the morphology of the low temperature AlxGa1-xN interlayer
is not altered significantly by the deposition of the GaN overlayer. The experimental
results are displayed in Fig. 4.5 and Fig. 4.6. Similar to the case of the high temperat-
ure AlxGa1-xN sample an increase of the thickness of the low temperature AlxGa1-xN
interlayer leads to the generation of misfit dislocations at the interface to the GaN buf-
fer (indicated by white triangles in Fig. 4.5 (b)) and for even higher thicknesses a dense
misfit dislocation network forms (indicated by a white triangle in Fig. 4.6 (a)). As a
reminder: plan-view TEM imaging of the sample with the 70 nm thick low temperat-
ure Al0.75Ga0.25N interlayer in chapter 3 (see Fig. 4.6 (e) on page 44) has shown that
the misfit dislocation network is formed mainly by 3 sets of a-type dislocations having
bowed dislocation lines. The average spacing of misfit dislocation lines is approxim-
ately 30 nm for this sample.
The surface morphology has been examined in the case of the 16 nm thin low tem-
perature Al0.75Ga0.25N interlayer by cross-sectional STEM-HAADF imaging
(Fig. 4.5 (a)). Compared to the first growth stage the islands have partly coalesced
to faceted mesa-like domains with lateral size between 15−100 nm in the case of the
sample with the 16 nm thin low temperature Al0.75Ga0.25N interlayer. These domains
are separated by V-shaped trenches, which have an average depth of 6−8 nm. At the
apex of some of these V-trenches nano-cracks proceed down to the Al0.75Ga0.25N/GaN
interface. In the case of the sample with the 70 nm thick low temperature Al0.75Ga0.25N
interlayer without GaN capping cross-sectional TEM bright field imaging (Fig. 4.6 (a))
and AFM topography (Fig. 4.6 (b)) reveals that the mesa-like islands have further co-
alesced, however, the surface is still rough. After deposition of 70 nm low temperature
Al0.75Ga0.25N, the average depth of the V-trenches is 6 nm and the spacing between
the trenches is in the range of 50−100 nm. However, none of the observed V-trenches
reaches the Al0.75Ga0.25N/GaN interface. Interestingly, for this sample we also observe
cracks in the AlxGa1-xN interlayer (see left part of Fig. 4.6 (a) or Fig. 4.6 (c)).
68
4.2. Experimental results
Figure 4.5.: (a) STEM-HAADF and (b) HRTEM images of a 16 nm thick low temper-
ature Al0.75Ga0.25N interlayer, which was capped with a GaN overlayer.
White triangles in (b) indicate each a misfit dislocation at the lower inter-
face of the low temperature Al0.75Ga0.25N interlayer.
Figure 4.6.: Second stage of the growth of a low temperature Al0.75Ga0.25N interlayer.
(a) cross-sectional bright-field TEM image recorded under g = 1120 two-
beam conditions, the white triangle indicates the dense misfit dislocation
network. (b) 1 x 1 µm2 (height scale is 5 nm) and (c) 5 x 5 µm2 (height
scale is 10 nm) AFM surface topography image.
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Figure 4.7.: First growth stage of the GaN overlayer on top of a relaxed high tem-
perature Al0.75Ga0.25N interlayer. (a) and (d) are cross-sectional STEM-
HAADF and bright field TEM (multibeam conditions) images, respect-
ively. The inset in (a) is a magnified view of an island edge in the GaN
overlayer. The white triangle in (d) indicates misfit dislocations, which
have just formed at the upper interface of the Al0.75Ga0.25N interlayer.
(b) and (c) show AFM surface topography images (height scale is 43




4.2.2.5. First growth stage of a GaN overlayer on top of a relaxed high
temperature AlxGa1-xN layer
In the last step of the sample series we have deposited a thin film of GaN with a nominal
thickness of 15 nm on top of a relaxed high temperature AlxGa1-xN interlayer. First
of all, for the applied growth conditions the GaN overlayer is characterised by a 3-
dimensional surface morphology and consists of islands and mesa-like stripes, which
are oriented along the three < 1120 >- directions (see Fig. 4.7 (b) and (c)). With the
help of cross-sectional STEM-HAADF imaging we obtain more detailed information
on the growth mode of the GaN overlayer. We find that stripes/islands of the GaN
overlayer nucleate at 2 different positions: at cracks as well as on top of flat regions
of the high temperature AlxGa1-xN interlayer. In the second case, the GaN overlayer
first completely wets the AlxGa1-xN interlayer and the thickness of the GaN wetting
layer is typically 2-5 monolayers (Fig. 4.7 (a)). Then in a second step, isolated islands
nucleate on top of the GaN wetting layer. In contrast to this we attribute the growth
of the < 1120 >-oriented stripes of the GaN overlayer to nucleation at cracks of the
high temperature AlxGa1-xN interlayer (as a reminder, these cracks are oriented along
the three< 1120 >- directions). Nucleation of islands and stripes is then followed by
lateral growth. Isolated islands as well as the < 1120 >-oriented stripes of the GaN
overlayer have a faceted mesa-like shape and a lateral size in the range of 50 nm−
5 µm. The width-to-height aspect ratio is for both typically in the range of 10− 100.
Additionally, it is worthwhile to note that the crack tips have blunted compared to
the atomically sharp cracks during the initial growth stage of the high temperature
AlxGa1-xN interlayer.
Regarding plastic relaxation of the GaN overlayer we observe formation of misfit
dislocations in GaN islands/stripes which exceed a height of about 15 nm (see white
triangle in Fig. 4.7 (d)). In contrast to that, no plastic relaxation has occurred in the
wetting layer and in the regions of the GaN overlayer, which consist of flat islands or
mesas with a height of less than 10 nm (see left part of Fig. 4.7 (d)).
4.2.2.6. First growth stage of a GaN overlayer on top of a relaxed low
temperature AlxGa1-xN layer
The experimental results for the sample with the nominal 15 nm thin GaN overlayer
grown on a relaxed low temperature AlxGa1-xN interlayer are shown in Fig. 4.8. Cross-
sectional STEM-HAADF and AFM topography images (see Fig. 4.8 (a) and (b)) illus-
trate that the GaN overlayer has again a 3-dimensional surface morphology. For the
given sample the islands of the GaN overlayer have a width between 50− 200 nm
and the pits between the islands which typically reach down to the GaN/AlxGa1-xN
interface have in average a depth of 10 nm. However, the growth mode of the GaN
overlayer on top of the low temperature AlxGa1-xN interlayer differs from that of the
aforementioned sample with GaN deposition on a relaxed high temperature AlxGa1-xN
interlayer. Here the GaN islands have already partly coalesced, which is at contrast to
the growth of GaN with the the same nominal layer thickness on top of a relaxed high
temperature AlxGa1-xN interlayer. Using Sauvola’s method [124] for binarisation of
the AFM topography image (Fig. 4.8 (b)) we find that the uncoalesced part (i.e. the
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pits between coalesced islands) comprises only 7% of the surface area for this sample.
From cross-sectional STEM-HAADF images as those shown in Fig. 4.8 (a) one can
suppose that for the given case the GaN overlayer nucleates in form of islands at V-
shaped trenches at the surface of the low temperature AlxGa1-xN interlayer. Because
of the smaller spacing of these trenches in the low temperature AlxGa1-xN interlayer
(typically in the range of 15−100 nm) compared to the large spacing of cracks in the
high temperature AlxGa1-xN interlayer (typically in the range of several 100 nm−µm)
the density of nucleation sites for the GaN overlayer is higher for growth on the low
temperature AlxGa1-xN interlayer. Consequently, the growth mode of the GaN over-
layer on top of the low temperature AlxGa1-xN interlayer is characterised by nucleation
of islands with a high island density followed by fast coalescence of the layer.
Misfit dislocations can be seen at the interface between GaN overlayer and low
temperature AlxGa1-xN interlayer in cross-sectional dark field images (Fig. 4.8 (c) and
(d)). At least some of the observed misfit dislocations probably stem from bended
threading dislocations, which originate from the plastic relaxation process at the lower
interface of the AlxGa1-xN interlayer. In addition, it is noteworthy that the density of
threading dislocations in the low temperature AlxGa1-xN interlayer is much higher than
for the high temperature AlxGa1-xN case.
Figure 4.8.: First growth stage of the GaN overlayer on top of a relaxed low temper-
ature Al0.75Ga0.25N interlayer. (a) cross-sectional STEM-HAADF image,
(b) AFM surface topography image (height scale is 13 nm). (c) and (d)
cross-sectional dark field and weak beam dark field images, both recor-
ded for g = 1100. White triangles indicate each a misfit dislocation at the
upper interface of the low temperature Al0.75Ga0.25N interlayer.
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4.2.3. Summary of experimental results
For sake of clarity we want to briefly summarise the most important experimental
observations (from this and the previous chapter 3), which will be in the following
relevant for modelling and discussion of the plastic relaxation mechanism. These are:
• During the initial stage of growth of (0001)-oriented AlxGa1-xN/GaN and
GaN/AlxGa1-xN heterostructures the strain is elastically relaxed due to either
island growth or cracking. Plastic relaxation takes place only beyond a certain
critical thickness at a later stage of growth.
• The critical thickness for the onset of plastic relaxation at the AlxGa1-xN/GaN
heterointerface depends on the growth mode of the AlxGa1-xN interlayer. For
an aluminium content of approximately x ≈ 75% the critical thickness is for
samples exhibiting 3-dimensional island growth (in our case for low temperature
AlxGa1-xN) between 5−10 nm, and is thus lower than for samples, which show
2-dimensional growth and cracking (in our case high temperature AlxGa1-xN).
In latter case the AlxGa1-xN/GaN interface is for the same aluminium content
coherent even at a thickness of 11 nm.
• Plastic relaxation at the interfaces of AlxGa1-xN interlayers is caused predom-
inantly by a-type dislocations. Formation of a-type misfit dislocation networks
does not require the presence of threading dislocations in the buffer below the
AlxGa1-xN interlayer.
• The degree of plastic relaxation of the AlxGa1-xN interlayer increases with its
thickness.
4.3. Quantitative modelling of the strain
relaxation process
Plastic relaxation of III-nitride heterostructures has been widely studied in literat-
ure [30, 31, 33, 34, 108, 113, 114, 117, 118, 119, 120]. There exist two major models
concerning plastic relaxation by a-type misfit dislocations that consider the disloca-
tion formation mechanism. i) Several authors [30, 31, 32, 114, 125] proposed a “co-
operative mechanism” [30], that starts from a morphology modification followed by
introduction of a-type misfit dislocations into the film at island edges, V-pits and/or
crack tips, respectively. ii) Liu et al. [33] suggested an alternative model: a “punch out
mechanism”, where simultaneous slip of two a+c-type dislocations having the same a-
component but opposite c-component on oppositely inclined pyramidal planes would
result in a-type misfit dislocations. Both models, however, treat the dislocation form-
ation process only in a qualitative manner. On the other side, there are models, which
treat the problem quantitatively (like Holec et al. [34] using an energy minimisation
approach) but neglect the kinetics of formation of a-type misfit dislocations, i.e. nuc-
leation and glide. This is, however, of particular importance for (0001)-oriented biaxi-
ally strained heterostructures of III-nitride wurtzite films, since in this case typically
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no resolved shear stresses are present in the primary slip-systems (prismatic or basal
planes) and formation of a-type dislocations is prevented.
Our aim in the following is to go beyond these qualitative considerations and to
establish with the help of our experimental results and finite element calculations a
quantitative model, which describes relaxation of AlxGa1-xN interlayers as dependent
on the growth morphology and includes nucleation and glide of a-type dislocations
into the heterointerface. To develop our model, we will proceed as follows: First
we will identify the relevant mechanisms, which dominate plastic relaxation at the
interfaces of AlxGa1-xN interlayers. In the second step we will perform finite element
calculations to obtain the lateral distribution of the shear stress on relevant slip planes
for typical growth morphologies and to estimate the effect of elastic relaxation. Finally,
in the third and forth step we will consider nucleation and glide of a-type dislocation
half-loops, respectively, to estimate, on the one side, the critical thickness for plastic
relaxation and, on the other side, to analyse, whether strain relaxation is limited in the
present case by either the nucleation or glide process.
4.3.1. Identification of the relevant relaxation mechanism
In chapter 3 we have seen that the lattice mismatch at the interfaces of AlxGa1-xN inter-
layer is mainly relaxed by a-type misfit dislocations, while a+c-type misfit dislocations
typically appear ten times less frequently. We will neglect the latter one therefore in the
following considerations and will focus on the formation mechanism of a-type misfit
dislocations. In principle there are two possibilities: (i) homogeneous nucleation and
glide of dislocation half-loops or (ii) glide of a pre-existing threading dislocations un-
der lattice mismatch induced stress and deposition of a misfit dislocation segment into
the heterointerface (Matthews-Blakeslee-model). Though we find experimental hints
for both mechanisms there is clear evidence that glide and extension of threading dis-
locations into the interface is of minor importance. This come from the following
two observations: (i) In the case of the sample that was grown on a HVPE GaN sub-
strate a dense network of misfit dislocation forms at the interfaces of the AlxGa1-xN
interlayer despite of the fact that the density of pre-existing threading dislocations is
low (ρTD ≤ 107 cm−2). Similar results were found by Ren et al. [115] in the case of
AlxGa1-xN layers grown on bulk AlN substrates which had threading dislocation dens-
ities of ρTD < 105 cm−2. This suggests that that pre-existing threading dislocations
are not a necessary prerequisite for formation of a-type misfit dislocations. (ii) For all
samples the density of a-type threading dislocations in the GaN overlayer in the first
200 nm directly above the AlxGa1-xN interlayer is higher than that in the GaN buffer.
This is particular obvious for the homoepitaxially grown film (see Fig. 4.1 (c) and (d)).
The same phenomenon was also reported in literature [30, 126, 127]. (iii) As men-
tioned before a-type misfit dislocations appear typically ten times more frequently than
a+c-type misfit dislocations. In contrast to that the ratio of a-type vs. a+c-type thread-
ing dislocations in the GaN buffer is only about 2:1.
All results taken together show that plastic relaxation at the interfaces of AlxGa1-xN
interlayer is dominated by nucleation of a-type dislocation half-loops if the threading
dislocation density in the buffer is small enough (≤ low 109 cm−2) and if the thickness
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of the AlxGa1-xN layer is sufficiently high (more than approximately 10− 15 nm for
Al0.75Ga0.25N).
Let us now identify the relevant slip-system on which nucleation and glide of a-type









pyramidal (with l = 1,2, ...) or {0001} basal
planes (see slip-systems in the wurtzite lattice in Fig. 2.1 on page 6). In the first two
cases the dislocations could in principle nucleate at the growth surface and then could
glide down towards the heterointerface. However, for (0001) oriented wurtzite films









systems because the resulting dislocation segment in the interface would have a pure
screw character and thus would not relieve misfit strain.
The only remaining possibility is to form a-type misfit dislocations half-loops via
the 13 < 1120 > |{0001} slip-system. This mechanism is strongly corroborated by the
bowed line direction of a-type misfit dislocations in the interfacial plane (see results
from the plan view TEM analysis in Fig. 3.5). This is an astonishing finding, since
in the case of 2-dimensionally grown (0001)-oriented strained wurtzite films no shear
stresses are present in the basal planes. Formation of a-type misfit dislocations via the
1
3 < 1120 > |{0001} slip-system can only be explained if the strained layers’ surface
or interface deviates from planarity, i.e via a 3-dimensional growth morphology. This
is in fact supported by our studies of the initial stages of growth in section 4.2.2. The
surface morphology of the AlxGa1-xN interlayer as well as of the GaN overlayer clearly
deviates from a perfect 2-dimensional film during the relevant growth stages: the layers
are either cracked or grow in form of hexagonal faceted islands. Moreover, our TEM
results suggest that a-type misfit dislocations are generated at both interfaces of the
AlxGa1-xN interlayer either at the edges of islands (see Fig. 4.7 (d) on page 70) or at
crack tips (see in the left part of the AlxGa1-xN interlayer in Fig. 3.2 (c) on page 31).
All these findings lead us to conclude that a-type misfit dislocations at the interfaces
of AlxGa1-xN interlayer are introduced via the 13 < 1120> |{0001} slip-system driven
by a redistribution of strain due to a 3-dimensional surface morphology.
4.3.2. Finite Element Calculations
In the following we will perform finite element calculations for typical morphologies,
which we observe in experiments (i.e. for a crack network and island growth), to obtain
the lateral distribution of the shear stress and to estimate the effect of the 3-dimensional
morphology on elastic relaxation. Details of the calculation as well as the range of
geometry parameters (width-to-height aspect ratio, shape of islands, surface coverage
rate of islands, inclination angle of crack facets/island side-facets, propagation depth
of cracks), which we consider, are given in appendix B.
Figure 4.9 (a), (b) and (c), (d) show the in-plane strain εxx and the strain energy
density around a crack and around an isolated island having the shape of a hexagonal
truncated pyramid, respectively. The effect of the 3-dimensional morphology on elastic
relaxation can be clearly seen for both types of geometry. The strongest elastic relax-
ation occurs at the edges of adjacent free surfaces (crack facets/island side-facets and
top (0001) facet). To quantify the degree of strain relaxation as dependent on the geo-
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Figure 4.9.: Upper and lower images show the in-plane strain εxx and the strain energy
density for the case of (a) and (c) cracking and (b) and (d) island growth,
respectively. The inset in (a) is a magnified view of the crack and shows
also the upwards bending of the film in the vicinity of the crack.
metry we have calculated the ratio of the elastic strain energy in the elastically relaxed
layer (Eelastic) the strain energy of a biaxially strained layer in the plain stress state





σ · ε dV. (4.1)
As can be seen from Fig. 4.10 the degree of elastic relaxation depends mainly on
the width-to-height aspect ratio of the geometries: the strain relaxation increases with
decreasing aspect ratio w/h. Other parameter like the inclination angle of the island
side-walls or crack facets, respectively, the penetration depth of the cracks or the shape
of the islands (hexagonal truncated pyramid or hemispheric) each change the degree
of elastic strain relaxation typically by less than 5 %.
Fig. 4.11 shows the shear stress σ crack/islandxz on the {0001} planes for the same
geometries as considered before. Not surprisingly, in the case of cracking and island
growth of the (0001)-oriented AlxGa1-xN/GaN heterostructure the redistribution of
strain induces significant shear stresses in the 13 < 1120 > |{0001} slip-system. Max-
imum shear stress is found at the crack tip and the island corner, respectively. The
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Figure 4.10.: Ratio of the elastic energy Eelastic stored in the structure (film+substrate)
and the elastic energy stored in the film for biaxial strain conditions (i.e.
before elastic relaxation) as a function of the width-to-height aspect ratio.
Figure 4.11.: Shear stress σ crack/islandxz in the case of (a) cracking and (b) island growth.
The inset in (a) shows a magnified view in the vicinity of the crack
(note: the inset has a different color coded scale).
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Figure 4.12.: Shear stress σ crack/islandxz as a function of the normalised distance x/ζ
from the (a) crack tip and (b) island edge (along the direction of the is-
land diagonal) for different aspect ratios, whereby x= 0 is at the crack tip
or island corner, respectively. The normalisation parameter ζ is the half-
spacing between adjacent cracks or the half-width of the island, respect-
ively. Aspect ratios are defined as the crack spacing-to-layer thickness
and width-to-height ratio for cracking and island growth, respectively.
shear stress σ crack/islandxz at a normalised distance
x
ζ
perpendicular from the crack tip
or island corner (x = 0 at the crack tip or island corner) is shown in Fig. 4.12. Four
major results can be inferred from the diagram, which are qualitatively identical for
both geometries:




dependency; this is in agreement with theoretical predic-
tions [128]
• in this spatial range the strength of the shear stress scales with the square root




; in other words, for a fixed
average spacing of cracks or island width w the shear stress increases as the layer
gets thicker










dependency occurs at a distance x of ap-
proximately three times the layer thickness (xtransition ≈ 3h)
The strength of the shear stress also depends to some extend on the explicit geo-
metry like the inclination angle of side facets, the shape of the islands (spherical or
hexagonal), the spacing of adjacent islands and the depth of cracks. While the first
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3 mentioned parameter typically affect the shear stress by approximately 10% or less
we found a strong decrease of the shear stress at a given horizontal distance x from
the crack tip if the crack propagates from the heterointerface deeper into the quasi-
substrate. E.g. for a crack with a depth of 1.2 times the thickness of the strained
film (Fig. 4.13 (b)) the shear stress decreases by approximately 30% compared to
a crack which propagates only down to the interface (Fig. 4.13 (a)). For the latter
case we can approximate the shear stress in the near vicinity of the crack tip in the
AlxGa1-xN/GaN heterointerface by








where εxx denotes the in-plane strain of the layer. For hexagonal islands the shear
stress in the (0001) plane along the direction perpendicular to the island edge (y-
direction in Fig. 4.13 (c) with y= 0 at the island edge) is approximately








An even stronger stress concentration at the island corner leads to an approxim-
ately 25% higher shear stress in the direction along the island diagonal (x-direction in
Fig. 4.13 (d) with x= 0 at the island corner)








Note that the shear stress around crack tips (eq. (4.2)) and island edges (eq. (4.3))
is almost equivalent. This is not surprising because a crack network is similar to a
geometry of adjacent islands with very steep island side-walls. However, eq. (4.2) -
(4.4) are only valid for aspect ratios higher than 10. For smaller aspect ratios, e.g. if
the height of the island increases, the shear stress at a given normalised distance xζ
saturates and actually becomes independent of the aspect ratio





4.3.3. Nucleation of a-type dislocation half-loops
The general theory of nucleating dislocation half-loops is described in appendix D. It
is based on energy minimisation, i.e. a half-loop is nucleated if the release of strain
energy stored in the film due to introduction of the dislocation (scales with the area
inside the half-loop, i.e. ∼ r2) is larger than the line energy of the half-loop (scales
approximately with its length, i.e. ∼ r). Here we follow the approach of Beltz and
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Figure 4.13.: Schematic representation of different possible sites for nucleation of dis-
location half-loops in the (0001) plane. (a) Nucleation at a crack tip,
which is located in the AlxGa1-xN/GaN heterointerface or (b) which has
propageted into the GaN quasi-substrate, respectively. (c) Nucleation at
the edge or (d) in the corner of a hexagonal island. In (a) and (b) the
AlxGa1-xN/GaN heterostructure is displayed in different grey scales for
clarity.
Freund [129]. We, however, consider the redistribution of the strain due to a three-
dimensional surface geometry of a cracked or islanded film. Since maximum shear
stresses on the {0001} planes appear around the island edges/corners and at crack
tips, we consider in the following nucleation of dislocation half-loops at these sites
(schematically depicted in Fig. 4.13).
Replacing the homogeneous shear stress of the general model of Beltz and Fre-
und [129] (see eq. (D.4) on page 143) with the appropriate spatial distribution of the
shear stress for the given case of island growth and cracking (as obtained from our
FEM calculations), the energy gain due to the work done by the half-loop amounts to
Egain =
ˆ

















where ψ is the angle between the Burgers-vector and the direction in the interface
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Figure 4.14.: Schematic representation of the different contributions to the total energy
for the dislocation nucleation process. The vertical dashed black line de-
notes the critical radius rcrit . The black arrow indicates the nucleation
barrier Enucl . The blue dotted line is the same as the blue solid line mul-
tiplied by 10.
perpendicular to the crack front or island edge, respectively, and τsite is a pre-factor
corresponding to the strength of the shear stress at the respective nucleation site (e.g.
168 GPa for nucleation at a crack; compare with eq. (4.2) - (4.5)). Together with the
line energy of the dislocation half-loop (eq. (D.1)) and the energy of the ledge created
at the surface (eq. (D.6)) we can calculate the total energy of the system according to
Etotal (r) = Egain (r)+Ehal f−loop (r)+Eledge (r) . (4.7)
The different contributions to the total energy as well as the total energy itself as a
function of the dislocation half-loop radius are schematically shown in Fig. 4.14. The
energetical barrier for nucleation of an a-type dislocation Enucl then is the total energy
of the system at the critical radius rcrit of the half-loop. It is defined as the half-loop
radius for that the total energy has a maximum (see Fig. 4.14):
Enucl = Etotal (rcrit) with rcrit = r ⇐⇒ ∂Etotal (r)∂ r = 0. (4.8)
In general the nucleation barrier decreases with increasing shear stress on the re-
spective slip plane (see appendix D). In case of a thin layer with perfect 2-dimensional
morphology (i.e. plane stress state) the resolved shear stress on slip planes and thus the
nucleation barrier is a function of the mismatch strain but is independent of the layer
thickness. In our case of a heterostructure with a given certain lattice mismatch but
with a three-dimensional modulated surface, however, the shear stress depends essen-
tially on the width-to-height aspect ratio of the structure. Starting from the assumption
that the lateral width of the structure (island diameter/crack spacing) is fixed at the be-
ginning of the growth, the increasing thickness determines the shear stress distribution
in the structure. We therefore display the nucleation barrier as a function of the thick-
ness of the heterostructure. As we can see from Fig. 4.15 (a), the nucleation energy
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Figure 4.15.: (a) Energetical barrier for nucleation of an a-type dislocation half-loop
vs. the thickness of an AlN layer on GaN. (b) Critical thickness for nuc-
leation of an a-type dislocation half-loop as a function of the initial strain
(lower axis) or the aluminium content of an AlxGa1-xN/GaN heterostruc-
ture (upper axis). The solid and dashed lines denote the case for spon-
taneous nucleation without an energetical barrier (Enucl = 0) and for a
barrier of 4 eV (see explanation in the text), respectively. The different
curves in (a) and (b) correspond to the respective considered nucleation
sites/geometries: at a crack tip located in the heterointerface (I, com-
pare with Fig. 4.13 (a)) and at tip of a crack which has propageted fur-
ther into the GaN quasi-substrate with an total crack depth of 1.2 times
the thickness of the strained film (II, compare with Fig.(b)); at the edge
(III, compare with Fig. 4.13 (c))) and in the corner (IV, compare with
Fig. 4.13 (d)) of a hexagonal island; in the corner of a hexagonal island
with a fixed aspect ratio of 5 (V).
(Enucl) decreases as the layer gets thicker. This is because with increasing thickness
h the shear stress σ crack/islandxz at a certain distance from the crack tip/island edge in-
creases (compare with eq. (4.2) - (4.4)) until it approaches the critical value where
the nucleation barrier vanishes, i.e. Enucl = 0. Note that in the case that trenches/pits
between islands do not reach the heterointerface, the thickness h corresponds to the
depth of these trenches/pits instead of the height of the strained layer. The lowest over-
all nucleation energy is found for nucleating a dislocation half-loops at the corner of
hexagonal islands. This is simply because the shear stress is highest there. One has to
remind the reader of the fact that for all cases in Fig. 4.15 (a) except for hexagonal
islands with a fixed aspect ratio of 5 (curve V) the island width or the crack spacing,
respectively, has to obey the criterion w/h> 10 for the whole relevant thickness range.
Otherwise, the shear stress will saturate at a given distance from the crack tip/island
edge.
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Let us now determine the critical thickness at which an a-type dislocation half-
loop will nucleate. We will first consider the case of spontaneous nucleation of an
a-type dislocation half-loop, i.e. nucleation with no energetical barrier (Enucl = 0).
Fig. 4.15 (b) (solid lines) shows this relationship as a function of the in-plane strain εxx
for different nucleation sites. The critical thickness decreases with increasing strain εxx
and it is lower for nucleation at island corners than at crack tips.
Since nucleation of dislocations is a thermally activated process, it will occur, how-
ever, with a certain probability also at lower thicknesses, when a finite energetical
barrier [130] still exists. In this case, the nucleation rate v becomes a function of
the energetical barrier Enucl and the available thermal energy. According to Rice and
Beltz [130], the rate v for nucleation of dislocation half-loops per unit length of the
crack front/island edge can be estimated by





where n is the number of nucleation sites per unit length of the crack front/island







where µ is the shear modulus and ρ is the density of the material. Thus, the nucleation
rate is the product of an attempt frequency, here n · cshear
b
, and a temperature depend-
ent Boltzmann probability factor. With these relationships we can now calculate the
maximum possible nucleation barrier and by this a lower limit for the thickness of
the heterostructures for which the nucleation mechanism has still an reasonable rate.
Since there are no literature data available neither for possible energy barriers for nuc-
leation of a-type dislocations in the wurtzite lattice nor for typical nucleation rates we
will estimate latter one from our experimental data. Let us therefore assume that after
nucleation the half-loops extend by glide and form long dislocation lines which tra-
verse the full island/area bound by neighbouring island side-walls/cracks, respectively.
Then the initial number of half-loops nucleated per unit length of the island edge/crack
front, respectively, is inversely proportional to the average spacing d of dislocation
lines in the final misfit dislocation network. From TEM investigations we know that
this spacing is typically in the range of several 10..100 nm (depending on the thickness
of the strained layer). We also find by TEM that plastic relaxation occurs only after
the strained layer has exceeded a critical thickness and that the degree of strain relaxa-
tion increases with the thickness of the layer. Therefore, we assume that the relaxation
process occurs roughly gradually in time during the growth of the strained layer. The
typical timeframe trelaxation for this process is in the range of 10..100 seconds. E.g. for
the sample mentioned earlier with a 35 nm thick high temperature Al0.75Ga0.25N inter-
layer we have found at the lower interface of the Al0.75Ga0.25N interlayer an average
spacing of a-type misfit dislocations of about d = 40 nm and the time needed for the
growth of the Al0.75Ga0.25N layer between a thickness of≈ 15 nm (estimated thickness
for onset of plastic relaxation3) and 35 nm was approximately 50 seconds. All together
3for a sample with a 11 nm thick high temperature Al0.75Ga0.25N interlayer we do not observe misfit
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we estimate a minimum nucleation frequency in the order of
v≥ 1
d · trelaxation ≈ 10
6/m · s. (4.11)
Note, that this value must be regarded as a lower limit, since expanding half-loops
with the same Burgers-vector may join together and form a single extended disloca-
tion line. Together with eq. (4.9) and (4.10) and considering the experimental growth
temperature of 1050 ◦C this yields a maximum energetical barrier of Enucl ≈ 35 kT ,
i.e. approximately 4 eV . Similar to the case of a vanishing energetical barrier we have
calculated the critical thickness for nucleation of an a-type dislocation half-loop with
an activation energy of 4 eV . The corresponding relationship is shown in Fig. 4.15 (b)
for the different nucleation sites with dashed lines. Allowing an energetical barrier of
4 eV for nucleating an a-type dislocation half-loop reduces the critical thickness by
approximately 30% compared to that for spontaneous nucleation. Note that the strain
ε in Fig. 4.15 (b) is the initial strain of the layer and not an effective value after strain
redistribution due to elastic relaxation.
4.3.4. Glide of a-type dislocations
As nucleation of half-loops at either cracks or island edges/corner is only the first step
of an efficient plastic relaxation process, we will now consider the second important
step, i.e. glide of a-type misfit dislocation from the nucleation sites into the heteroint-
erface. A dislocation will glide only if the sum of all shear stresses acting on the
dislocation are larger than a certain minimum shear stress, the Peierls stress σP
|σxz| ≥ σP. (4.12)
The Peierls stress is a lattice frictional force the dislocation has to overcome during
its motion on the slip plane through the periodic potential of the crystal [132]. In
the original form in the framework of the Peierls-Nabarro dislocation model [133,
134] the Peierls stress σP is derived from a purely phenomenological consideration
and depends essentially on the ratio bd of the modulus of the Burgers-vector and the
interplanar spacing of the slip planes [132]. Chidambarrao et al. [135] have presented
a modification which includes also a temperature dependency of the Peierls stress σP.


















where µ is the shear modulus, ν is the Poisson’s ratio, b is the modulus of the Burgers-
vector, d is the interplanar spacing of the glide planes, N is the number of atoms per
unit cell volume, k is the Boltzmann constant and T is the temperature. According
to eq. (4.13) and (4.14) the Peierls stress reduces as the temperature increases. For
dislocations, whereas a 16 nm thick low temperature Al0.75Ga0.25N interlayer is plastically relaxed
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the 13 < 1120> |{0001} slip-system eq. (4.13) yields a Peierls stress of approximately
0.2GPa at the considered growth temperature of approximately 1000°C. A comparison
of the Peierls stress (calculated according to [135]) for different slip-systems is listed
in Table 2.1 on page 7 .
The shear stress σxz on the n-th dislocation is given by
σxz = σ
crack/island
xz +σ n ,mxz +σ
image
xz , (4.15)
where σ crack/islandxz is the shear stress field around cracks and island edges, σ n ,mxz
is the shear stress due to interaction of dislocations with each other and σ imagexz is an
image stress exerted by the free surface on the dislocation, respectively. The lateral
distribution of σ crack/islandxz can be taken from the FEM calculations in section 4.3.2.
In the case that several a-type misfit dislocations with the same Burgers-vector are
present in the heterointerface, the shear stress σ n ,mxz acting on the n-th dislocation due
to interaction with all other dislocations is given by
σ n ,mxz = ∑
m̸=n
σ mxz (dnm) , (4.16)
where dnm = xn− xm is the spacing between dislocation n and m and xn ,m is the
distance of each dislocation from the crack or island edge, respectively. The term σ mxz
is the shear stress field of dislocation m and depending on its location relative to the
free surfaces (top surface and crack/island side facets) it is given by [136]
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2π (1−ν) . (4.18)
Eq. (4.17a) is for the case that the m-th dislocation is much closer to side facet of a
crack/island (at a distance xm from it) than to the (0001) top surface of the film (which
has a thickness of h), while eq. (4.17b) is for the case that the m-th dislocation is
much closer to the (0001) top surface (at a distance h below the surface) than to a side
facet of a crack/island. Note that both equations assume that the interaction is between
straight dislocations in a semi-infinite medium, which extends to one side of the free
surface [136]. Although this assumption is strictly speaking not completely true in our
case, we will use for simplicity in the following approach.
Additionally, the dislocations experience a resolved shear stress σ imagexz due to the
image effect, which is is a direct consequence of the free surface boundary condi-
tion (σi j · n j = 0 , i.e. no forces can act normal to a free surface). The mathemat-
ical concept is derived in detail e.g. in [132]. Especially for dislocations located in
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the near vicinity of the nucleation sites (xn < 2h) the image stress σ imagexz becomes
relevant and drives the dislocation back towards the free surface of cracks or islands,







, if xn < 2h (4.19a)
2h2
x3n
, if xn > 2h (4.19b)
Note that eq. (4.19b) (a) and(b) are again strictly speaking only valid for straight dis-
locations in a semi-infinite medium.
Taking all shear stresses together we are able to simulate the motion of a-type dis-
locations from the nucleation sites into the heterointerface. For this purpose we use an
iterative approach according to the following scheme: The starting point of the simu-
lation is a distribution of j dislocations, whereby the first one is located at a distance
of 1 nm from the nucleation site (according to our calculations from the previous sub-
section on nucleation of dislocations this value is approximately the critical radius of
a just nucleated a-type dislocation half-loop) and the spacing between adjacent dis-
locations is 20 nm4. In the first step of each iteration cycle we calculate for a given
distribution of dislocations for each one the total shear stress with eq. (4.15) and com-
pare it with the Peierls stress. If the modulus of the total shear stress for dislocation n
is larger than the Peierls stress (|σxz| ≥ σP), then in the second step the n-th dislocation











where k denotes the iteration number. The cycle is repeated until equilibrium is reached.
This is the case if for all dislocations the modulus of the total shear stress is smaller
than the Peierls stress.
The simulation of the glide process has been performed for Al0.75Ga0.25N/GaN het-
erostructures (ε = 0.018) to coincide with our experimental samples. We obtain the
following results. For aspect ratios wh ≤ 20 of the crack or island geometry the driving
shear stress of the island edge/crack tip is higher than the Peierls-stress (≈ 0.2 GPa)
even at a distance of approximately 70% of half-spacing of the cracks/half-diameter
of islands (see Fig. 4.12). This means that a-type misfit dislocations will glide effi-
ciently into the heterostructure. However, for higher aspect ratios the shear stress from
cracks/islands alone is not large enough anymore to push misfit dislocations far into
the whole heterointerface. This is because further away from crack tips/island edges
the shear stress decays with a 1x3 dependency and the shear stress quickly becomes
smaller than the Peierls stress. E.g. for an Al0.75Ga0.25N/GaN heterostructure with a
4This value is chosen somehow arbitrary. However, if the initial spacing is chosen smaller or larger
(10 and 40 nm) the final distribution of dislocation at equilibrium is not affected (not shown here).
Thus the choice of 20 nm as a initial spacing seems reasonable.
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Figure 4.16.: Simulated lateral arrangement of misfit dislocations in the
Al0.75Ga0.25N/GaN heterointerface between 2 adjacent cracks seperated
by the distance 2ζ = 1750 nm. The thickness of the layer is h = 35 nm
(width-to-height aspect ratio wh = 50). (a) with only 1 misfit dislocation,
(b) with 24 misfit dislocations within the half-spacing ζ of the adjacent
cracks6 including dislocation interaction according to eq. (4.16), (c) and
(d) same as (b) but with the interaction strength between the dislocations
σ n ,mxz twice and half as strong as in (b), respectively.
crack geometry having an aspect ratio of wh = 50 an isolated misfit dislocation will stop
to glide at a distance of only x≈ 0.3ζ from the crack tip (see Fig. 4.16 (a)). However,
a-type dislocations still can glide further because of dislocation-interaction, i.e. the
dislocations, which are farthest away from the nucleation sites, are pushed further into
the heterostructure by the repelling shear stress field of other a-type dislocations. The
distance, how far the dislocations will glide, depends essentially on the strength of the
dislocation interaction. Fig. 4.16 (b)-(d) shows the result of a glide process simula-
tion where we have varied the interaction strength5 and kept all other parameters, e.g.
the number of dislocations in the considered array, constant. For higher interaction
strength between the dislocations the dislocation pile-up will be pushed further into
the interface. According to eq. (4.17b) the strength of the interaction between parallel
straight dislocations with Burgers-vectors parallel to the free surface will increase if
the distance of the dislocations to the free (0001) top surface, i.e. the thickness h of
the layer, increases. Interestingly at force equilibrium the spacing between the misfit
dislocations is laterally not constant: it is smallest close to the nucleation sites while it
increases for dislocations, which have slipped further into the heterointerface.
6This number of misfit dislocations would lead to an average residual strain of approximately 1%
which corresponds to the equilibrium strain for a 35 nm thick layer with dislocation nucleation at
cracks, see Fig. 4.18 in section 4.4.2.2.
5The modification of the interaction strength has been implemented in the simulation by varying the
virtual thickness of the layer (h in eq. (4.17b)) while the actual thickness (h in eq. (4.2)-(4.4)) re-
sponsible for the absolute value of the shear stress around the crack/island σ crack/islandxz (x) has not
been changed.
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All together our considerations show that glide of a-type dislocations into the het-
erointerface does not represent a bottleneck for the plastic relaxation process at the
interfaces of AlxGa1-xN interlayer. If the thickness of the layer is sufficiently high to
nucleate a-type dislocations they will also glide away from the nucleation site into the
interface. Therefore, the plastic relaxation mechanism will stay active. However, the
centre region between two cracks or the centre of islands is typically less plastically
relaxed, especially if the width-to-height aspect ratio becomes large (approximately
for wh ≥ 50).
4.4. Discussion
The discussion is organised as follows. We will first have a view on the microscopic
mechanisms responsible for strain relaxation of (0001)-oriented III-nitride heterostruc-
tures. In the second part we will focus on the results of our quantitative relaxation
model and discuss in particular the influence of the growth mode of the films on the
plastic relaxation process. This topic will be addressed first in a more general way.
Afterwards, we will discuss explicit implications of the growth mode on strain re-
laxation process for the case of AlxGa1-xN interlayers and explain the asymmetry in
plastic relaxation between the upper/lower interface of the interlayer. Finally, we will
briefly review alternative plastic relaxation mechanisms and discuss their relevance for
(0001)-oriented III-nitride heterostructures.
4.4.1. Microscopic model for the growth and strain
relaxation mechanism of (0001)-oriented III-nitride
heterostructures
In this chapter we have shown that plastic strain relaxation of sufficiently thick
AlxGa1-xN/GaN and GaN/AlxGa1-xN heterostructures grown with a 3-dimensional
surface morphology proceeds mainly by nucleation and glide of a-type dislocations
in the 13 < 1120 > |{0001} slip-system. This is consistent with previous reports in lit-
erature. Bethoux et al. [118, 137], Floro et al. [117], Vennegues et al. [30] (AlxGa1-xN
layers on GaN) and Moran et al. [97] (GaN layers on AlN) all observed a dense network
of a-type misfit dislocations at the AlxGa1-xN/GaN and GaN/AlN interface, respect-
ively. Also for InxGa1-xN/GaN heterostructures a-type misfit dislocations introduced
by basal plane slip have been observed in literature e.g. by Jahnen et al. [31] Liu et
al. [138] and Mei et al.[32].
However, the 13 < 1120 > |{0001} slip-system becomes only active if the surface
morphology deviates from that of a perfect 2-dimensional film. Indeed, we have found
in experiments that depending on the growth conditions and on the sign of the strain
(tensile or compressive) AlxGa1-xN/GaN as well as GaN/AlxGa1-xN heterostructures
might have either a cracked or islanded surface during the initial growth stage. In both
cases part of the elastic energy stored in the strained layers is elastically relaxed. Crack
and island geometries, on the other hand, cause also to a redistribution of strain leading
to resolved shear stresses on the {0001} slip-planes with a maximum in the vicinity
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Figure 4.17.: Effect of the growth mode of (0001)-oriented strained wurtzite films on
the plastic relaxation process.
of crack tips and island edges/corners, respectively (see results of our finite element
calculations in Fig. 4.11). Therefore, if the strained layer has either cracked or grows
with an island morphology the 13 < 1120> |{0001} slip-system becomes active and a-
type misfit dislocations can be nucleated at these places if the layer thickness exceeds a
certain critical value. After nucleation the half-loops then glide laterally on the {0001}
slip-planes into the layers and form the a-type misfit dislocation networks, which we
have described in chapter 29. Because crack tips, island edges or grooves/pits between
islands are not always located exactly at the heterointerface a-type misfit dislocations
might be nucleated at a certain vertical distance around the interface (see e.g. Fig. 3.2).
As soon as the layer has again a 2-dimensional surface morphology, e.g. if the cracks
are overgrown or islands have coalesced, or if the heterostructure grows all the time
2-dimensionally the mechanism for plastic relaxation via the 13 < 1120> |{0001} slip-
system becomes/is inoperable, respectively, and the residual strain will remain initially
unrelaxed.
Such “cooperative mechanism” [30], which is characterised by a morphology modi-
fication followed by introduction of misfit dislocations from island edges, V-pits and/or
crack tips, has already been proposed by other authors [30, 31, 32, 114, 125], though
only in a qualitative manner. Our quantitative considerations of the relaxation process
presented in the previous section is based on the “cooperative mechanism”. However,
our model allows for the first time to quantitatively predict relevant values, like e.g. the
critical thickness for the onset of plastic relaxation by formation of a-type misfit dis-
locations, without neglecting the dislocation formation kinetics. Outcomes and results
of our model will be discussed in the following sections.
4.4.2. Influence of the growth mode on the plastic
relaxation process
We will now discuss the effect of the growth mode of (0001)-oriented strained wurtzite
layers on the plastic relaxation process. The crucial point in this consideration is that
different growth modes result in different surface morphologies and thus different pos-
sible sites for nucleation of a-type misfit dislocations will be available. This is schem-
atically summarised in Fig. 4.17.
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4.4.2.1. Critical thickness
Tensile strained layers
Let us first consider tensile strained layers (e.g. AlxGa1-xN on GaN). For sufficiently
thick7 tensile strained layers appropriate sites for nucleation of a-type misfit disloca-
tions will be present in any case, independently of the growth mode - either island
corners for 3-dimensional growth or crack tips for initial 2-dimensional growth. How-
ever, the critical thickness when the first a-type misfit dislocation is introduced into
the interface depends on the available nucleation sites and thus on the growth mode of
the layer. Our theoretical considerations in section 4.3.3 predict that the critical thick-
ness is approximately 45% lower for nucleation of dislocation half-loops in corners
of islands having an aspect ratio of wh > 10 rather than at crack tips (compare dashed
blue and red lines in Fig. 4.18). This outcome of our model agrees well with experi-
mental results. While we have found a 10 nm thin Al0.75Ga0.25N interlayer grown with
a 3-dimensional morphology on a GaN buffer to be plastically relaxed, we have not
observed misfit dislocations in the case of a 11 nm (and thus thicker) Al0.75Ga0.25N
interlayer, which has grown 2-dimensionally but has cracked. Similar results can be
found in literature reports also for other compositions (see filled blue and open red
data points labelled with a and c in Fig. 4.18 at approximately 20% and 40% alu-
minium content). Note that the aforementioned outcome of our model is only valid
if the width-to-height aspect ratio of islands is larger than 10. If the width-to-height
aspect ratio becomes smaller than 10 our model predicts that the critical thickness for
nucleation of a-type dislocations in island corners starts to increase. For example for
w
h = 5 the critical thickness has approximately doubled compared to the case of
w
h > 10
and the value even gets larger than the critical thickness for dislocation nucleation at
crack tips.
Another interesting feature which our model predicts is that the growth mode of
tensile strained layers does not only affect the critical thickness for the onset of plastic
relaxation but also determines whether tensile strained layers will show a brittle or
ductile relaxation mechanism. In case of 2-dimensional growth the critical thick-
ness for nucleation of an a-type dislocation at a crack tip is higher than the critical
thickness for cracking8 (compare red dashed and grey solid line in Fig. 4.18). From
this we can deduce that for 2-dimensionally grown tensile strained AlxGa1-xN layers
plastic relaxation by formation of a-type misfit dislocations will not take place until
the layer has cracked. Hence such layers will show a brittle relaxation behaviour. This
is in agreement with the experimental observation that for a certain thickness win-
dow 2-dimensionally grown but cracked films are free of a-type misfit dislocations
7Sufficiently thick means in this case that the layer thickness exceeds a critical value where cracking
would occur if the layer has been grown initially in a 2-dimensional mode.











[139] and 157 meV/Å
2
[140] for GaN and AlN, respectively), ν is the Poisson’s
ratio, M is the biaxial modulus of the strained layer (M =C11+C12−2C13C33 ), ε is the strain and Z is a
dimensionless parameter which amounts according to Hutchinson and Suo [123] for surface cracks
to Z = 3.951.
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(see Fig. 4.2 on page 65). On the other hand, in case of 3-dimensional growth our
model predicts that for a given initial strain ε the critical thickness for nucleation of
a-type misfit dislocations in island corners (for islands with an aspect ratio of wh > 10
) is almost identical with the critical thickness for cracking. However, due to the 3-
dimensional morphology part of the initial strain has already been relaxed elastically
making cracking less likely than plastic relaxation. Thus the film will show a ductile
strain relaxation behaviour.
All together we see that the growth mode has a strong influence on the relaxation
process and the growth conditions should be chosen according to the desired goal. If
one aims for an as small as possible layer thickness when plastic relaxation sets in then
the strained layer should be grown in a 3-dimensional mode with islands having an
width-to-height aspect ratio of larger than 10. Such growth mode is also favourable if
cracking of tensile strained layers should be avoided.
Compressively strained layers
In contrast to layers being under tension, the growth mode of compressively strained
layers (e.g. AlxGa1-xN on AlN or InxGa1-xN on GaN) determines whether plastic
relaxation via the 13 < 1120 > |{0001} slip-system takes place at all. In case of a 3-
dimensional growth of compressively strained layers a-type misfit dislocations can be
nucleated at island corners/edges and the relaxation process will proceed in the same
way as for tensile strained layers having an islanded surface morphology. Also, in
terms of the critical thickness for the onset of plastic relaxation there is no difference
compared to tensile strained layers. However, if compressively strained layers grow
with a 2-dimensional surface morphology the situation is different. In this case no sites
for nucleation of a-type dislocation half-loops will be present and also, as discussed
before, resolved shear stresses on the {0001} slip-planes will be absent. Therefore,
plastic relaxation by nucleation and glide of a-type misfit dislocations will be preven-
ted. As a consequence, compressively strained layers can be grown very thick in a
metastable state coherently on a (quasi) substrate, without exhibiting plastic relaxa-
tion, if they are deposited 2-dimensionally. E.g. Grandusky et al. [116] demonstrated
pseudomorphic growth of Al0.60Ga0.40N layers on bulk AlN substrates (ε ≈ 1.0%) up
to a thickness of 0.5 µm. This value is approximately 1 order of magnitude more than
the critical thickness, which our model predicts in the case when nucleation sites are
available.
Comparison with equilibrium critical thickness theory
In Fig. 4.18 we have also plotted the critical thickness for plastic relaxation due to
a-type misfit dislocations according to equilibrium critical thickness theory (see black
dashed-dotted line). Here we use the model of Holec et al. [34], which is based solely
on an energy minimisation approach9 where the self-energy of the dislocation (elastic
energy + core energy) added to the system is compared with the work done by the misfit
9As shown by Freund and Suresh [39] the solution of the energy minimisation approach coincides with
that of a force equilibrium concept (Matthews-Blakeslee-model [122])
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Figure 4.18.: Comparison of critical thickness (CT) curves for strain relaxation of
(0001)-oriented III-nitride heterostructures as a function of the strain
ε (lower axis) and for AlxGa1-xN/GaN heterostructure as a function of
the aluminium content x (upper axis), respectively. Dashed lines denote
the calculated CT for nucleation of a-type dislocation half-loops with an
energetical barrier of 4 eV at crack tips (red) and in corners of islands
having an aspect ratio of wh > 10 (blue) and
w
h = 5 (green), respectively.
The black dashed-dotted line corresponds to the CT for plastic relax-
ation by a-type basal plane misfit dislocations according to an energy
minimisation concept after Holec et al. [34]. The grey solid curve in-
dicates the CT for surface cracks. Symbols indicate experimental data
points, whereby squares/circles denote data from our samples/literature
reports, filled/open symbols stand for heterostructures with/without a-
type misfit dislocation networks, and red/blue symbols indicate results
for 2-dimensional but cracked/3-dimensionally grown AlxGa1-xN/GaN
structures, respectively. The grey circles stand for 2-dimensionally grown
AlyGa1-yN layers on bulk AlN substrates. Literature data are taken from
(a) Ref.[119], (b) Ref.[30], (c) Ref.[117], (d) Ref.[118], (e) Ref.[114], (f)
Ref.[116], (g) Ref.[141] and (h) Ref.[142].
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stress field during the introduction of the dislocation (i.e. the misfit energy relief) [34].
The drawback of the energy minimisation approach is that it does not account for the
actual dislocation formation mechanism.
A comparison of the different curves in Fig. 4.18 reveals that the equilibrium theory
predicts a critical thickness which is approximately 1 order of magnitude smaller than
the critical thickness for nucleating an a-type misfit dislocation at either crack tips or
island corners. The experimentally determined range for the onset of plastic relaxa-
tion (see filled/open symbols in Fig. 4.18 representing heterostructures with/without
a-type misfit dislocation networks, corresponding to an upper and lower bound for
the critical thickness of plastic relaxation, respectively) yields a much better agree-
ment with the curve for the critical thickness for nucleation of a-type misfit disloca-
tions at crack tips or island corners rather than with the equilibrium critical thickness
graph. All this means that plastic relaxation of (0001)-oriented wurtzite films via
the 13 < 1120 > |{0001} slip-system is kinetically limited by the nucleation process.
Any equilibrium theory, which neglects the dislocation formation mechanism, there-
fore strongly underestimates the critical thickness for the onset of plastic relaxation.
4.4.2.2. Degree of plastic relaxation
So far we have considered only the critical thickness for which the first a-type misfit
dislocation is nucleated. Under the assumption that the 13 < 1120 > |{0001} slip-
system stays active during further growth more and more misfit dislocations will be
formed at the interface as the growth proceeds and the thickness of the heterostructure
increases. This will lead to a advancing plastic relaxation of the strain energy stored in
the layer. For a given thickness h of the heterostructure one might also be interested in
the degree of plastic relaxation or the equilibrium strain state, respectively.
If the relaxation process is limited only by the dislocation nucleation step and lateral
glide of just nucleated dislocations into the heterointerface proceeds efficiently, then
the equilibrium strain state for a given thickness h will correspond to the critical value
εnucleationcrit , for which nucleation of an a-type dislocation will just take place. This value
can be read directly from Fig. 4.18 by interpreting the diagram backwards (εcrit (h)
instead hcrit (ε)). Note that the thickness h, which is relevant for this consideration,
is not always the geometrical height of the strained layer but the depth of trenches
between islands or pits in the surface. Similar to the case of the critical thickness
before, the value εnucleationcrit again depends on the surface morphology of the film (due
to the available nucleation site).
However, in some cases the plastic relaxation mechanism is not limited by the mis-
fit dislocation nucleation step but by glide of dislocations away from the nucleation
site into the layer. If latter process does not proceed efficiently, misfit dislocations
will not spread along the whole heterointerface and the misfit strain will be relaxed
only in the near vicinity of the nucleation sites. Our FEM calculations and theoret-
ical considerations in section 4.3.4 reveal that glide of a-type dislocations away from
the nucleation sites into the heterostructure proceeds effectively and does not limit
the plastic relaxation process as long as the width-to-height aspect ratios does not be-
come to large. For AlxGa1-xN/GaN heterostructures typically considered in this work
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(x≈ 0.75 ⇒ ε ≈ 0.018) the width-to-height aspect ratio should stay smaller than ap-
proximately 50. For geometries with wh > 50 (i.e. very large spacing of cracks/island
edges compared to the thickness of the strained layer) the glide process comes to rest
in the centre region between cracks/island edges, respectively, and a distribution of
a-type misfit dislocations along the whole interface is not be achieved anymore. Ac-
tually the critical value of the the width-to-height aspect ratio for which the relaxation
mechanism becomes limited by the glide process depends on the initial strain of the
heterostructure (this will define how far the dislocations will glide into the interface
due to the influence of the shear stress around the nucleation site) and the growth tem-
perature (via the temperature dependency of the Peierls stress). A detailed analysis of
the degree of plastic relaxation as a function of all these parameters would go beyond
the scope of our work. However, in the case that the plastic relaxation mechanism
is limited by the glide process the tendency is as following: the achievable degree of
plastic relaxation will decrease if the temperature and/or the initial strain decrease and
the width-to-height aspect ratio increases.
In combination with the above discussed effect of the surface morphology on the
critical thickness for nucleation of a-type misfit dislocations we conclude that for
a given thickness of the heterostructure the highest degree of plastic relaxation is
achieved for a 3-dimensional growth mode with islands having an aspect ratio in the
range between 10 and approximately 50.
4.4.3. Asymmetry of plastic relaxation at the interfaces of
(0001)-oriented AlxGa1-xN interlayers
Now we will discuss the microscopic origin for the asymmetry in plastic relaxation
between the upper and lower interface of AlxGa1-xN interlayers, which finally leads to
the build-up of compressive strain in the subsequent layer. For the following consider-
ation of the asymmetric relaxation behaviour, the actual amount of plastic relaxation at
the lower interface of the interlayer and the growth mode of the AlxGa1-xN interlayer
itself do not matter in principle. Let us therefore start the discussion by considering
the situation of an GaN buffer/AlxGa1-xN interlayer structure with a (partly) relaxed
AlxGa1-xN layer. Then the initial compressive strain of a GaN overlayer grown sub-
sequently on top of the interlayer is approximately the amount of strain relaxation
δAlGaN of the AlxGa1-xN interlayer. Depending on the surface morphology of the GaN
overlayer at the initial growth stage one can then divide the situation into 2 cases: 2-
or 3-dimensional growth of the GaN overlayer.
2-dimensional growth mode of the GaN overlayer
If the GaN overlayer grows perfectly 2-dimensional, the explanation for the asym-
metric relaxation behaviour is rather simple. In this case the 13 < 1120 > |{0001}
slip-system is not active and plastic relaxation at the upper interface of the AlxGa1-xN
interlayer by nucleation and glide of a-type misfit dislocations will not take place.
Plastic relaxation can therefore occur only by some alternative mechanisms. As will
be discussed later in section 4.4.5, these mechanism proceed, however, less effectively
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compared to plastic relaxation via the 13 < 1120 > |{0001} slip-system. As a result,
the degree of plastic relaxation at the upper interface of the AlxGa1-xN interlayer will
stay close to zero and the initial compressive strain in the GaN overlayer will remain
almost unrelaxed.
3-dimensional growth mode of the GaN overlayer
In case of a 3-dimensional growth mode the GaN overlayer will consist at the initial
growth stage mainly of individual uncoalesced islands (see schematic illustration in
Fig. 4.19 (a)). Due to the islanded surface morphology the 13 < 1120 > |{0001} slip-
system will be active and a-type misfit dislocations can be nucleated in corners of
islands. The critical thickness/height of islands when a-type dislocation nucleation is
initiated depends on the initial compressive strain of the GaN overlayer (approximately
the amount of strain relaxation δAlGaN of the AlxGa1-xN interlayer) and, as discussed
in the previous section, if the width-to-height aspect ratio is smaller than 10, also on
the specific geometry of the islands. The respective values for the critical thickness
can be read from Fig. 4.18.
However, concerning the maximum achievable degree of strain relaxation, it is most
important, how the surface morphology develops during further growth. At some point
the GaN islands will either coalesce or grow in form of columns and change the over-
all surface morphology. Depending on the growth mode one can distinguish 3 possible
cases: (i) If lateral growth is faster than vertical one, then individual islands will co-
alesce to a closed film (see Fig. 4.19 (b)). (ii) If lateral and vertical growth rates are
comparable, coalescence will not change the surface morphology, i.e. the height of is-
lands and their width-to-height aspect ratio at the surface will stay constant, but the is-
lands will grow on top of a coalesced layer with increasing thickness (see Fig. 4.19 (c)).
(iii) If lateral growth is suppressed, islands will not coalesce but grow only vertically
and form whiskers (see Fig. 4.19 (d)).
In the first case (i) plastic relaxation comes to rest simply because the layer then
grows 2-dimensionally and no shear stresses will be present on the easy slip planes
and nucleation sites are not available anymore. If the growth proceeds as in case (ii),
then the islands edges/corners still remain as possible nucleation sites for a-type dis-
locations. However, the height of the islands/depth of trenches between islands stays
constant while the layer continues to grow. As a result the plastic relaxation process
will not resume with increasing overall thickness of the GaN overlayer. In both cases
the degree of plastic relaxation at the upper interface of the AlxGa1-xN interlayer is
determined by the maximum height of islands/depth of trenches between them at the
moment of islands coalescence.
In case (iii) islands edges/corners again remain as possible a-type dislocation nuc-
leation sites and the height of the islands increases during further growth. However,
at a certain height the plastic relaxation process will cease. This is due to the fact that
the width-to-height aspect ratio of the islands decreases during further growth and at an
aspect ratiowh below approximately 10 the shear stress around the islands edges/corners
will saturate (see our FEM calculations and compare eq. (4.4) with eq. (4.5)). Below
this aspect ratio there is no way to nucleate any further misfit dislocation. Note that in
case (iii) the compressive strain in the islands/whiskers of the GaN overlayer will be
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Figure 4.19.: Schematic illustration of possible growth modes of the GaN overlayer
(light grey shaded area) on top of an AlxGa1-xN interlayer (dark grey
shaded area). (a) shows the starting point of non-coalesced individual
islands. (b) is the growth mode where islands coalesce to a closed layer
(case (i) in the text), (c) represents the case where the surface morphology
stays constant but the thickness of the closed layer underneath the islands
increases (case (ii) in the text) and (d) illustrates the growth mode where
islands do not coalesce and grow only vertically (case (iii) in the text).
significantly relaxed elastically because of the large relative fraction of free surfaces
compared to the volume of the islands/whiskers for small width-to-height aspect ratios.
E.g. for wh = 5 the degree of elastic strain relaxation is about 50% (corresponding to a
ratio of the elastic energies Eelastic
E0elastic
of 0.25 in Fig. 4.10).
Following the consideration from above, we can state that the maximum degree
of plastic relaxation of a GaN layer grown on top of an AlxGa1-xN interlayer is lim-
ited, regardless of the actual growth mode, i.e. the chosen growth conditions, of the
GaN overlayer. For example, if a GaN overlayer with a maximum height of islands of
approximately 15 nm grows on top of a completely relaxed AlN interlayer, the equi-
librium strain will be approximately 1.2% (see blue dashed line in Fig. 4.18), i.e. the
maximum achievable degree of plastic relaxation at the upper interface of the AlN
interlayer is approximately 1.2%2.4% = 0.5.
It is this inherent asymmetry in plastic relaxation between the upper and lower in-
terface of the AlxGa1-xN interlayer that leads to the build-up of compressive strain in
the layer grown subsequently on top of the AlxGa1-xN interlayer.
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4.4.4. Influence of the growth conditions of AlxGa1-xN
interlayers on the strain engineering process
In literature AlxGa1-xN interlayers, used for strain engineering, are often categorised
by their growth temperature - high and low temperature AlxGa1-xN interlayers. In
our experiment an increase of the deposition temperature of AlxGa1-xN interlayers
from 800°C to 1050°C, while all other growth parameters have been nominally kept
constant (V/III-ratio=430), leads to a change from a 3- to a 2-dimensional growth mode
of AlxGa1-xN interlayers. However, according to literature reports the same effect
can be caused also by varying the V/III ratio for a constant growth temperature [143,
144]. Low/high V/III ratios have been found to lead to 2-/3-dimensional growth of
AlxGa1-xN/GaN heterostructures [143, 144].
With respect to plastic relaxation of AlxGa1-xN interlayers, our considerations of
the relaxation mechanism show, however, that not the growth conditions like the de-
position temperature themselves are the decisive point but the resulting growth mode
of the interlayers. We therefore suggest, to classify AlxGa1-xN interlayers not by their
growth temperature but by their growth mode. As discussed in previous sections, the
growth mode of AlxGa1-xN interlayers has an influence on the critical thickness for the
onset of plastic relaxation and on the degree of plastic relaxation. For a given thickness
of the interlayer more compressive strain might be built-up in the subsequently grown
layer with a 3-dimensionally grown AlxGa1-xN interlayer. For very thin AlxGa1-xN
interlayers the growth mode even determines, whether strain-engineering works at all.
If e.g. a thin 2-dimensionally grown AlxGa1-xN interlayer had the same thickness as
a 3-dimensionally grown AlxGa1-xN interlayer, which has just started to relax plastic-
ally, the 2-dimensionally grown AlxGa1-xN layer would still be fully strained and thus
would not be able to build up any compressive strain. This might be the reason why in
some early reports it was claimed that thin high temperature AlxGa1-xN interlayers are
not suited for strain engineering [28, 29, 105].
4.4.5. Alternative plastic relaxation mechanisms
In this section we want to briefly discuss alternative plastic relaxation mechanism
and their relevance in relaxation of (0001)-oriented strained wurtzite heterostructures.
These relaxation mechanisms may become important if the 13 < 1120 > |{0001} slip-
system is not active and a-type misfit dislocations cannot be formed by the “cooperat-
ive mechanism” [30] as discussed above.
In literature some alternative plastic relaxation mechanisms have been reported.
The most important ones are: (i) inclination or even complete bending of threading
dislocations having an a-component, so that their line segment projected on the basal
plane is a misfit dislocation [45, 106, 107, 108, 109, 145, 146] and (ii) formation of








pyramidal slip-planes [33, 117, 118, 120].
Formation of a+c-type misfit dislocations could occur in principle by the classical
Matthews-Blakeslee mechanism [147]. For both slip-systems the Schmid-factor is not
zero (see Table 2.1 on page 7), meaning that a+c-type dislocations experience on the
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slip-planes even for a perfect 2-dimensional film without cracks or
an islanded surface morphology a resolved shear stress. However, this mechanism has
very high kinetic barriers. Nucleation of dislocation half-loops correlates with the third
power of the Burgers-vector Enucl ∼ b3 [129], making nucleation of new a+c-type dis-
locations at the free surface very unlikely (Enucl would be approximately 7 times higher
for a+c-type than for a-type dislocations). Also glide of pre-existing a+c-type disloca-








slip-system the large Burgers-vector and small spacing of the slip-planes leads to a
high Peierls-barrier (see Table 2.1 on page 7), which a+c-type dislocations have to
overcome in order that they can glide. As a result the typical spacing of a+c-type
misfit dislocations is large compared to that of a-type misfit dislocations if these can
be formed, and the amount of strain relaxation caused by a+c-type misfit dislocations
stays small.
The other mechanism, i.e. inclination of threading dislocations having an
a-component, requires a certain density of pre-existing threading dislocations ρTD in
the film in order to achieve a significant amount of strain relaxation. According to




b ρTD t tanθTD, (4.21)
where t is the thickness of the layer and θTD is the inclination angle of the threading
dislocations. However, this mechanism leads for a 1 µm thick layer with a density
of threading dislocations having an a-component of about ρTD = 1x109 cm−2 (typical
value for heteroepitaxially grown GaN films) and a typical value for the inclination
angle of θTD = 25°(see e.g. Ref. [45, 107, 108, 109, 146]) to a strain relaxation of
only △ε = 0.04%. Furthermore, this mechanism has also a certain kinetic barrier.
Inclination of a-type dislocations by climb has been theoretically investigated by Ro-
manov and Speck [106] and they have found a typical energy barrier for the inclination
mechanism to become operable of several eV per dislocation.
In summary, it can be stated that in the case of (0001)-oriented strained III-nitride
heterostructures with a 3-dimensional surface morphology (e.g. island growth, sur-
face pits, macrosteps, cracks) homogeneous nucleation of a-type dislocations is typic-
ally the most effective plastic relaxation mechanism. Alternative relaxation mechan-
ism might become relevant only if formation of a-type misfit dislocations is inhibited
(e.g. in the case of 2-dimensionally grown compressively strained (0001)-oriented III-
nitride heterostructures) or if the threading dislocation density in the film is very high
(in the order of 1010 cm−2 or higher).
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4.5. Conclusions - Optimised growth schema for
strain engineering with AlxGa1-xN interlayers
In the previous sections we have seen that the surface morphology of (0001)-oriented
III-nitride heterostructures has a strong influence on the strain relaxation process, not
only qualitatively but also quantitatively. This is mainly because of the different ener-
getical barrier for nucleation of a-type misfit dislocations at different available nucle-
ation sites (island corners in case of a 3-dimensional growth mode and crack tips for
2-dimensional growth and cracking). As a direct consequence, the degree of plastic
relaxation at the interfaces of AlxGa1-xN interlayers depends on the growth mode of
the AlxGa1-xN interlayer and the subsequent GaN layer. Hence, the strain engineering
process can be influenced by the choice of the growth parameters. With the help of
the insight about the relaxation mechanism gained in this work we will develop in the
following strategies for an optimised strain engineering process.
AlxGa1-xN interlayer growth
In principle one can choose 2- as well as 3-dimensionally grown AlxGa1-xN interlayers.
Both have advantages and disadvantages. If a minimum thickness of the AlxGa1-xN in-
terlayer is crucial for the device structure, a 3-dimensional growth mode is favourable
because such interlayers have the advantage of a lower critical thickness for the onset
of plastic relaxation and a higher degree of strain relaxation for a given AlxGa1-xN
layer thickness. The width-to-height aspect ratio of the islands should, however, not
become much smaller than 10, since in this case nucleation of a-type misfit disloca-
tions will be limited. 2-dimensionally grown AlxGa1-xN interlayers are also suited for
strain engineering. In contrast to 3-dimensionally grown AlxGa1-xN interlayers they
have to be thicker to achieve the same amount of plastic relaxation (and thus to build up
the same amount of compressive strain). However, AlxGa1-xN interlayers grown in a
3-dimensional mode have the potential disadvantage to cause a stronger increase of the
threading dislocation density than 2-dimensionally grown AlxGa1-xN interlayers, even
for the same amount of lattice relaxation. This is because for 3-dimensionally grown
AlxGa1-xN interlayers misfit dislocation half-loops in the interfacial plane, causing
plastic relaxation, extend initially only as wide as the lateral dimensions of islands of
the interlayer are, i.e. typically not more than a few 100 nm. In case of 2-dimensionally
grown AlxGa1-xN interlayers a-type dislocation half-loops nucleate at crack tips and
then can extend into the whole interface until they reach another crack. This distance is
typically in the order of micrometers. Consequently in case of 3-dimensionally grown
AlxGa1-xN interlayers typically a higher number of nucleation events is required to
reach the same degree of strain relaxation in the film. Since each nucleated misfit
dislocation half-loop initially results in 2 threading dislocations, the threading dislo-
cation density is supposed to be essentially higher in case of 3-dimensionally grown
AlxGa1-xN interlayers.
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GaN overlayer growth
In order to build up a maximum amount of compressive strain and also to keep the
overall increase of the threading dislocation density as small as possible, any nuc-
leation of a-type dislocations at the upper interface of AlxGa1-xN interlayers should
be avoided. Since the GaN overlayer grows under compressive strain, cracking does
not occur at this interface and island edges/corners or surface pits are the only possible
sites for nucleation of a-type dislocations in this case. Consequently the GaN overlayer
should be grown ideally in a 2-dimensional mode (either layer-by-layer or step-flow
growth). If it is not possible to achieve a 2-dimensional surface morphology during the
initial growth stage of the GaN overlayer, then an alternative strategy to inhibit plastic
relaxation could be to control the growth of the GaN overlayer in such a way that in
the first step the height of growing island stays below the critical thickness for nucle-
ation of a-type misfit dislocations. Then in a second step, conditions, which promote
fast lateral growth and coalescence of the islands, would be benefitial. Possible growth
parameters, which could influence the growth mode are the deposition temperature and
the V/III ratio [149], as well as the reactor pressure [150, 151].
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GaN (0001) epitaxy
5.1. Aim of this chapter
It is well known in literature that Si, the donor of choice for GaN, acts as an anti-
surfactant1 in the epitaxial growth of GaN (0001) films [16, 153, 154]. On the one
hand, this leads to undesired surface roughening during growth of GaN for high Si
doping concentrations (typically beyond a value of 1019 cm−3) [154]. On the other
hand, the anti-surfactant effect of Si is also intentionally used by exposing the GaN
(0001) surface to a Si-flux in order to promote three-dimensional growth and thus to
reduce the dislocation density in epitaxial GaN layers [16, 17, 18, 19, 155]. Even
quantum dots can be grown with Si as an anti-surfactant [16, 35, 156].
Concerning the origin of the anti-surfactant effect of Si in GaN (0001) epitaxy,
the following explanations exist in literature. In case of a lower dose of Si exposure
(for an equivalent of 0.039 monolayer of Si), Munkholm et al. [157, 158] concluded
from in-situ x-ray investigations that Si changes the growth mode from step-flow to
layer-by-layer growth and suggested pinning of step motion by an impurity barrier as
a possible explanation. On the other hand, it has been observed that a high dose of Si
exposure of the GaN (0001) surface (according to the numbers given in Ref. [17] an
equivalent of approximately 1 monolayer of Si and more) leads to a transition from
two-dimensional to three-dimensional growth [16, 17, 18, 19, 35, 154]. This has been
attributed to a partial “masking”’ of the GaN growth surface by Si (commonly called
SiNx-mask). While Tanaka et al. [16] considered a sub-monolayer coverage with Si-N
bonds to cause this masking of the surface, Rosa et al. [36, 37] showed with the help
of ab-initio calculations that for Si-rich and N-rich growth conditions the GaN (0001)
surface is thermodynamically unstable against the formation of β -Si3N4 islands, which
chemically passivate GaN surfaces.
However, there is no direct experimental proof neither for the SiNx model proposed
by Tanaka et al. [16] nor for the Si3N4 model by Rosa et al. [36]. A TEM analysis
by Kuwano et al. [38] had indeed shown that the SiNx-mask is a thin crystalline layer
(thickness less than 1nm), which shows an epitaxial relationship with the GaN lattice
and contains a certain amount of silicon. However, because aberration correction TEM
was not common at that time the exact atomic structure of the SiNx-mask or SiNx-
interlayer remained unsolved so far. Consequently, any explanation on the physical or
1In epitaxial growth species are considered as anti-surfactants (surfactant: surface active agent) if they
promote three-dimensional growth leading to rougher surfaces in systems that grow two-dimensional
under thermodynamic equilibrium conditions [152].
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chemical mechanism of how the SiNx-mask prevents growth of GaN growth on top of
it remained speculative.
The main goal of this chapter2 is therefore to resolve this problem. For this purpose
we will use in a first step aberration corrected transmission electron microscopy to
study the incorporation of Si into the GaN (0001) surface. We will show that the
exposure of the GaN (0001) surface to Si leads to the formation of a coherent SiGaN3-
monolayer. With the structural information at hand we will afterwards use density
functional theory calculations (i) to understand the growth of the SiGaN3-layer itself
and (ii) to shed some light onto the behaviour to block growth of GaN on top of this
layer. Finally, we will propose an explanation for the anti-surfactant effect of Si in the
epitaxy of GaN (0001) films.
5.2. Experimental results
5.2.1. Transition towards 3-dimensional growth
Fig. 5.1 (a) shows a typical cross-sectional transmission electron micrograph of the ini-
tial growth stage of a GaN layer (nominal thickness is 10 nm) deposited on a Si treated3
GaN (0001) buffer. The growth conditions of the GaN layer are identical to that of the
GaN buffer, which grows 2-dimensionally with a flat surface morphology. The GaN
layer on top of the Si treated GaN (0001) buffer, however, exhibits a 3-dimensional
growth mode. It consists of isolated islands (compare with AFM image in Fig. 5.1 (b)),
which have the shape of truncated hexagonal pyramids. The islands are bound by{
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facets and have lateral sizes in the order of 100 nm. Using HRTEM imaging
a very thin layer becomes visible, which partially covers the GaN buffer surface and
is present at the interface between GaN island and the GaN buffer (see Fig. 5.1 (d)).
This layer will be hereinafter called the SiNx-interlayer. HRTEM also shows that nuc-
leation and growth of thick GaN directly on top of the SiNx-interlayer is inhibited (see
Fig. 5.1 (e)). Instead, growth of GaN islands exclusively starts at windows where the
GaN buffer is not covered by the SiNx-interlayer, e.g. at surface steps in the GaN
buffer as in Fig. 5.1 (c) or at holes in the SiNx-interlayer. All these observations are
fully consistent with previous reports in literature by other authors (compare references
[16, 19, 20, 21, 157]) using Si as an anti-surfactant.
2Parts of the results shown in this chapter (HR(S)TEM investigation, structural modelling and density
functional theory calculations) have been published by myself in Markurt et al. [15].
3The Si treatment of the GaN buffer has been performed at a temperature of 1030 ◦C by exposing the
GaN (0001) surface for 2 minutes to a silane flux of 400 nmol/min while the Ga flux was stopped.
The ammonia flux has remained unchanged the whole time.
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Figure 5.1.: (a) TEM Bright Field image of a GaN island growing on top of the SiNx-
interlayer. (b) 5x5 µm2 AFM surface topography image (height scale is
150 nm). (c) - (e) show HRTEM images from regions in (a) marked by
red, blue and green frames. White arrows indicate the SiNx-interlayer.
5.2.2. HR(S)TEM investigation of the SiNx-interlayer
To analyse the atomic structure of the SiNx-interlayer, we have carried out aberra-




(see Fig. 5.2) and⟨
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projection (see Fig. 5.3). Let us start the detailed contrast analysis with the




zone axis. Although the HRTEM pattern of the SiNx-
interlayer slightly differs from that of the GaN matrix (see Fig. 5.2 (a)), one can clearly
see that the SiNx-interlayer consists of a single crystalline monolayer, which is coher-
ently grown on the GaN buffer. Along the interface the contrast pattern of the SiNx-
interlayer is constant. From comparison with HRTEM image simulations4 (see inset
in the lower right corner in Fig. 5.2 (a)) we identify bright dots in the GaN matrix as N
atomic columns while dark lobes correspond to Ga columns. If we periodically repro-
duce the (Ab Ba) stacking of the wurtzite lattice across the interface, we find that the
SiNx-interlayer does not interrupt the hexagonal closed package (hcp) stacking of the
GaN matrix. As shown in Fig. 5.2 (a) atomic columns of the SiNx-interlayer even fit
into the hcp stacking sequence. Similar results can be found also in the STEM-ADF
image (see Fig. 5.2 (b)). However, the reduced ADF intensity of the SiNx-interlayer
points to a reduced effective atomic number Z of its atomic columns compared to that
of the GaN matrix. This can be caused e.g. by substitution of Ga atoms with lighter
4The simulation has been performed according to experimental conditions with a spherical aberration
of CS =−11 µm, an overfocus of ∆ f =+5nm and a specimen thickness of t = 7.7nm.
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projection. The inset (indicated by a white frame)
in the lower right corner of (a) is a HRTEM image simulation of GaN.
Green and blue balls correspond to nitrogen and gallium columns in the
GaN matrix. White balls denote atomic columns of the SiNx-interlayer.
Both images are on the same scale.
elements, e.g. Si instead of Ga, and/or a lower density of atoms along the column
direction due to e.g. the presence of gallium vacancies VGa.




projection (see Fig. 5.3).




GaN planes. Two experimental findings should be highlighted here. On the one side,
the three columns of the periodic unit in the SiNx-interlayer exhibit different intensities
in the phase of the exit wave reconstruction (EWR)5 and in the
ADF image6 in Fig. 5.3 (b) and (c), respectively. It is particularly noticeable that the
intensity of one of the atomic columns in the SiNx-interlayer basically corresponds to
that of the GaN background. Since the phase of the EWR/STEM-ADF image intensity
peaks at positions of atomic columns and are proportional to the projected potential of
the columns/to their atomic number Z, respectively, these observations suggest that dif-
ferent elements and/or densities of atoms are present in the three columns. On the other
side, the three columns of the periodic unit of the SiNx-interlayer are shifted along the
⟨0001⟩ direction with respect to each other. The pair formed of the two columns that
appear bright in the phase of the EWR/STEM-ADF image forms a buckled configura-
tion. Using the approach of Schulz et al. [162] to locally measure the lattice parameter
with a precision of approximately 2 pm we find a vertical shift between these two
5The exit wave reconstruction is an iterative method to retrieve the complex electron wave (i.e. its
amplitude and phase, which are otherwise lost during image recording) from a HRTEM defocus
series. A detailed description of this method is given e.g. in Ref. [159, 160, 161]
6To reduce the noise of the ADF image all spatial frequencies above the resolution limit of the inco-
herent imaging process (given by the double cut-off frequency of the condenser aperture) have been
filtered out. We have further improved the signal to noise ratio by integrating 4 laterally equivalent
parts of the image.
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Figure 5.3.: (a) Aberration corrected HRTEM, (b) the phase of an exit wave recon-




projection. All images are on the same scale.
columns of approximately 12 pm (corresponds to ∆2 = 12 pm in Fig. 5.3 (a)). Ad-
ditionally, this analysis reveals a reduction of the vertical lattice spacing above the
SiNx-interlayer by 26 pm compared to the out-of-plane-lattice parameter c0 of the sur-
rounding GaN matrix (corresponds to 12 c0−∆1 = 26 pm in Fig. 5.3 (a)).
5.3. The atomic structure of the SiNx-interlayer
In the following we will use the results obtained from our HR(S)TEM investigation to
identify the atomic structure of the SiNx-interlayer. We will first derive a number of
possible model structures, then calculate their relaxed atomic condiguration by dens-
ity functional theory calculations, perform (S)TEM image simulations based on these
models and finally identify the atomic structure of the SiNx-interlayer by comparing
simulated and experimental HR(S)TEM images.
Let us start with a recapitulation of the two most striking observations: (i) The SiNx-
interlayer has a different appearance in the two projections, i.e. it shows a regular

















projection have a different composition.
These observations can be most easily explained by a
√
3×√3R30° reconstruction
of the GaN (0001) surface where the three cation positions in the
√
3×√3R30° unit
cell (see white, dark and light grey balls in Fig. 5.4) are occupied by either SiGa, VGa
or Ga. A
√
3×√3R30° reconstruction of the SiNx-interlayer is consistent with the




projection (see Fig. 5.4 (a)) and with the





projection all columns have in average the same composition; see Fig. 5.4 (c)).
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Figure 5.4.: Ball-and-stick model of the SiNx-interlayer. Blue and green balls repres-
ent N and Ga atoms. White, dark and light grey balls denote the cation
positions of the SiNx-interlayer which can be occupied by either SiGa,


















projection, respectively, of the structure shown in




If one distributes either SiGa, VGa or Ga on the three cation positions, 7 different
possible structures consistent with the
√
3×√3R30° reconstruction are possible. Since
the SiNx-interlayer forms as a result of an extended silane exposure of the GaN surface
and silicon is known to be easily incorporated into GaN [154, 163] (silicon is the donor
of choice in GaN) we consider in the following only structures which contain silicon.
Due to this restriction, finally five
√
3×√3R30° reconstructions, which are listed in
Table 5.1 remain for the SiNx-interlayer.
The atomic geometry of all five model structures has then been relaxed using dens-
ity functional theory (DFT) calculations. The DFT calculations have been performed
by Liverios Lymperakis and Jörg Neugebauer from the Max-Planck-Institut für Eisen-
forschung. Details of the DFT calculations are given in appendix E. As can be seen
in the ball-and-stick representation of the relaxed structures in Fig. 5.5, the difference
between the length of the Si-N bond (1.74 Å [164]) and the Ga-N bond (1.95 Å [165])
causes local lattice distortions. Especially the position of N atoms in the SiNx-interlayer
is strongly affected by the presence of Si atoms.
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Table 5.1.: Possible structures for the SiNx-interlayer
structure cation 1 cation 2 cation 3 stoichiometry figure
Si-Ga-VGa Si Ga VGa SiGaN3 Fig. 5.5 (a)
Si-Si-VGa Si Si VGa Si2N3 Fig. 5.5 (b)
Si-Si-Ga Si Si Ga Si2GaN3 Fig. 5.5 (c)
Si-Ga-Ga Si Ga Ga SiGa2N3 Fig. 5.5 (d)
Si-VGa-VGa Si VGa VGa SiN3 Fig. 5.5 (e)
Figure 5.5.: Ball-and-stick representation of the relaxed structures models of the SiNx-
interlayer (see Table 5.1): (a) and (b) Si-Ga-VGa, (c) Si-Si-VGa, (d) Si-
Si-Ga, (e) Si-Ga-Ga and (f) Si-VGa-VGa. (a) is a top view along the[
0001¯
]





jection. Blue, green, red and dashed balls indicate N, Ga, Si and VGa,
respectively.
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The relaxed structure models have then used to perform (S)TEM image simulations
using the multislice method. Simulation parameters have been chosen according to
the experimental conditions7. In the case of HRTEM simulations the sample thickness
and defocus have been adjusted to reproduce the contrast pattern of the GaN matrix
in the experimental images while for the STEM-ADF simulations (using the frozen
phonon [64, 168, 169] approach with 20 different configurations) the sample thickness
has been determined by a quantitative evaluation of the ADF intensity of the GaN mat-
rix in the experimental images [167, 170]. A convolution with a Gaussian with a 1.0 Å
full-width at half-maximum to account for the effect of the finite source size [171] has
proven to provide the best match between experiment and simulation.
A comparison of experimental and simulated images is shown in Fig. 5.6. An excel-
lent match is found for the Si-Ga-VGa structure (leftmost column of simulated images)
in that it correctly reproduces the intensities of the atomic columns as well as the re-
laxation of atomic positions leading to the shrinking of the average out-of-plane lattice
parameter directly above the SiNx-interlayer (12c0−∆1 = 0.14/0.26 Å in the DFT cal-
culation/experiment, respectively) and the buckling of the Si and Ga atomic column
pair (∆2 = 0.06/0.12 Å in the DFT calculation/experiment, respectively). The quant-
itative difference between the calculated and experimentally determined lattice relax-
ation is still within the accuracy limit of the used density functional theory method.
This difference points to the fact that with modern aberration corrected TEMs one may
achieve an accuracy (≈ 2 pm, Ref. [162]) in measuring positions of atomic columns
and their shifts even on a local scale that is higher than that, which DFT calculations
can predict. For all other assumed structures the simulations show no agreement with
the experiment if all experimental images are considered. Thus we conclude that for
the applied growth conditions the SiNx-interlayer consists of three N, one Si, one Ga
atom as well as one Ga vacancy arranged within a
√
3×√3R30° unit cell on the (0001)
growth surface. This structure corresponds to a SiGaN3 stoichiometry. Interestingly,
our finding is consistent with previous reports in literature about the GaN (0001) sur-
face symmetry during the Si treatment. Semond et al. observed with in-situ reflection
high energy electron diffraction (RHEED) a (1×3) pattern along the ⟨1100⟩ azimuth
for a GaN (0001) surface under a Si flow in molecular beam epitaxy (MBE). The same
pattern was also found ex-situ for GaN (0001) templates, which were exposed to a
silane flow in a metal-organic vapour phase epitaxy growth process [172, 173, 174].
7The acceleration voltage was 300 kV in all experiments. For aberration corrected HRTEM ima-
ging/the exit wave reconstruction the spherical aberration has been tuned toCS =−11 µm/−35 µm,
respectively. The maximum spatial frequency transferred by the microscope is approximately
12.5 nm−1 resulting in an information limit of 0.8 Å. The effect of the modulation transfer func-
tion of the imaging system [166] has been taken into account. STEM-ADF imaging has been
performed with a spherical aberration of the probe forming lens of CS = 1.2 mm and a condenser
aperture with a semi-angle of α = 9.0 mrad. The ADF detector inner acceptance semi-angle was









and the radial sensitivity of the detector has been considered as described in reference [167].
108
5.3. The atomic structure of the SiNx-interlayer
Figure 5.6.: Comparison of experimental (left column) and simulated (5 right columns)
images of the 5 assumed structure models for the SiNx-interlayer. In
case of the HRTEM simulations the defocus is +6 nm/+ 5 nm (over-









The sample thickness for the simulated images is from top to bottom
6.1/6.6/7.7/125/40 nm. Note that experimental and simulated ADF im-
ages are for each row on the same intensity scale: 0.15− 0.235/0.075−
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5.4. Discussion
With the help of our HR(S)TEM investigation we have unambiguously identified the
atomic structure of the SiNx-interlayer as a
√
3×√3R30° reconstruction having a
SiGaN3 stoichiometry. However, two questions concerning the growth of the SiGaN3-
layer itself remain unsolved. The first one is why such rather complicated structure
containing in its unit cell next to a silicon also a gallium atom as well as a gallium va-
cancy forms instead of a more simple SiN-/SiNx-layer. According to previous ab-initio
calculations of Rosa and Neugebauer [37] the GaN (0001) surface is thermodynamic-
ally unstable against the formation of β −Si3N4 under conditions (N-rich and Si-rich)
for that other silicon containing reconstructions would become energetically more fa-
vourable than the bare GaN surface. And the second question is why the growth of the
SiGaN3-structure is self-limited. For the applied growth conditions we observe in the
experiment only a sub-monolayer although the GaN (0001) surface has been exposed
to a silane flow for 2 minutes.
In the following discussion we will address both points. For that purpose we have
performed extensive first principles calculations on n
√
3×m√3R30° (n,m = 1,2) as
well as orthogonal n×m (n,m= 2,4) Si covered GaN (0001) surface reconstructions
and compared their surface energies. Methodological details about the DFT calcula-
tions together with an overview of all considered structures are given in the appendix E.
5.4.1. Growth of the SiGaN3-interlayer
Fig. 5.7 (a) shows relative surface energies as a function of the silicon chemical poten-
tial for a number of surface reconstructions, including the 5 assumed structural models
from section 5.3 and structures corresponding to 1 and 2 monolayers of hexagonal
SiN. Nitrogen-rich conditions have been applied for the calculations (for further meth-
odological details see appendix E). Note that in Fig. 5.7 (a) only structures free of
hydrogen are compared with each other. In the surface phase diagram in Fig. 5.7 (b)
also hydrogen containing structures are included.
Looking at these results our DFT calculations reveal that for a wide range of sil-
icon chemical potential a
√
3×√3R30° surface reconstruction having a SiGaN3 stoi-
chiometry is the energetically most favourable one. This result is not only in agreement
with our experimental finding from the previous section, but it also shows that for a
wide range of silicon chemical potential only 1 silicon atom per
√
3×√3 unit cell
can be stabilised on the surface. Only for very Si-rich (−1.25 eV ≤ µSi−µSi bulk ≤ 0)
and rather H-poor
(
µH− 12µH2 molecule ≤−1.0 eV
)
conditions a surface reconstruction
with 2 Si atoms per
√
3×√3 unit cell on the surface, i.e. a monolayer with Si2N3
stoichiometry, will become energetically more favourable. Surface structures with 3
Si atoms per
√
3×√3 unit cell, i.e. a coherent hexagonal monolayer or bilayer of
SiN, is even at very Si-rich conditions from thermodynamic point of view highly unfa-
vourable (see solid and dashed lines in Fig. 5.7 (a)). This means that coherent growth
of thick SiN-layers is inhibited. Consequently, the Si treatment of the GaN (0001)
surface in MOVPE/MBE experiments (moderate Si-flux, Ga-flux off and N-flux as for
typical GaN growth conditions) can be considered as self-limited growth and results in
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Figure 5.7.: (a) Relative surface energies for a variety of considered structures as a
function of the silicon chemical potential. (b) Surface phase diagram
showing stable surface reconstructions as a function of the hydrogen and
silicon chemical potentials. Each contour in the phase diagram denotes
a different surface reconstruction which is the energetically most favour-
able one for the respective range of hydrogen and silicon chemical po-
tentials. For more details about the structure of the GaN reconstructions
indicated by black labels in (b) and the hydrogen containing adsorbates
see Ref. [175] and Ref.[176], respectively.
accordance with our DFT calculations for moderate Si-rich conditions in the formation
of 1 monolayer of SiGaN3. A longer duration of the Si treatment thus only increases
the surface coverage rate with the SiGaN3-monolayer but does not lead to growth of a
thicker layer.
The reason for the higher surface energy of coherent SiN-layers compared to that
of the SiGaN3 structure is understood when considering the large difference between
the Si-N (1.74 Å [164]) and Ga-N (1.95 Å [165]) bond length. While for the SiGaN3-
monolayer structure different in-plane and out-of-plane relaxation of individual atoms
(see relaxed structure model in Fig. 5.5 (a) and (b)) leads to rather unstrained bonds,
this is impossible for SiN layers. Thus a coherent layer of SiN on top of GaN would
be highly strained, making it energetically unfavourable compared to the SiGaN3-
structure.
Let us finally address the question of the stability of the GaN (0001) surface against
formation of β − Si3N4 during the Si treatment. Our DFT calculations predict that
the SiGaN3-monolayer will become energetically more favourable than silicon free
GaN surface reconstructions if the silicon chemical potential increases about a value
of approximately
µSi−µSi bulk ≥−2.5 eV, (5.1)
i.e. beginning from moderate Si-rich conditions. According to previous ab-initio calcu-
lations of Rosa and Neugebauer [37] this value is for N-rich conditions(
µN− 12µN2molecule = 0
)
, as we have assumed in our considerations, already above the
limit
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where the system should become thermodynamically unstable against formation of
β −Si3N4. This means that β −Si3N4 might form e.g. as small particles in the growth
atmosphere above the surface. However, for the applied growth conditions we obvi-
ously observe in the experiment only the SiGaN3-monolayer but no epitaxial growth
of coherent β − Si3N4-layers. Similarly as discussed before for the coherent growth
of SiN-monolayers on top of GaN, it is the high lattice mismatch between β − Si3N4
and GaN that inhibits formation of a coherent layer of crystalline β − Si3N4 on the
GaN (0001) surface for typical growth conditions for that the SiGaN3-monolayer is
deposited.
5.4.2. Anti-surfactant effect of Si in the growth of GaN
Having identified the atomic geometry of the SiNx-interlayer as SiGaN3 we will now
use this information to shed some light onto the behaviour of this layer to block growth
of GaN on top of it. In order to understand how the SiGaN3 layer blocks growth we
calculate the change in relative surface energy when depositing additional GaN mono-
layers on top of this surface. For the calculations we assume thermodynamical equi-
librium with bulk GaN under nitrogen rich conditions according to typical growth con-
ditions in MOVPE experiments. For further methodological details of the calculations
see appendix E.
The corresponding relative surface energies are shown in Fig. 5.8. We find that
the thermodynamic minimum is for a single GaN monolayer on top of the SiGaN3
terminated surface. Adding further GaN monolayers steeply and linearly increases the
surface energy, making the additional monolayers and thus the growth of a thick GaN
film thermodynamically highly unfavourable. Interestingly, the blocking mask does
not contain Si in the top surface layer as conventionally assumed, but terminates in a
single GaN monolayer.
In order to understand the driving forces underlying this anti-surfactant effect we
have performed a detailed analysis of these surface structures. We find that there is a
strong competition between chemistry and charge compensation by the Ga vacancies:
The growth of 1 monolayer of GaN on top of the SiGaN3-monolayer will result in
charge transfer from the surface cation dangling bonds (dbs) to the Ga vacancies in the
SiGaN3-layer to saturate nitrogen dangling bonds. This leads to formation of an elec-
trical dipole between the SiGaN3-layer and the surface (see schematic representation in
the right inset in Fig. 5.8), which initially increases the energy of the system. However,
owing to the large cohesive energy of bulk Si3N4 (74.3 eV/cell, Ref. [177]), the energy
increase due to the built in electrical dipole moment is overcompensated by the energy
gain due to the passivation of all the Si dangling bonds by N of the GaN overlayer
grown on top of the SiGaN3 layer. Depositing additional monolayers of GaN, how-
ever, further increases the distance between the surface and the Ga vacancy and thus
also the electrical dipole moment. This results in an energetically highly unfavourable
surface that prevents further growth of GaN.
112
5.4. Discussion
Figure 5.8.: Relative surface energies versus number of GaN overlayers on top of
the SiGaN3 monolayer. The energies are referenced with respect to the
SiGaN3 terminated surface. The dashed red line is a guide for the eye. In-
sets: Schematic ball-and-stick representation of no (left) and 2 GaN over-
layers (right) configurations. Green, blue, red, and white balls indicate Ga,
N, Si atoms and Ga vacancies, respectively. In the case of no and one GaN
overlayer the dangling bonds are schematically shown. In the case of 2
GaN overlayers the charge transfer and the build in electrical dipole mo-
ment are indicated. Dashed black arrows denote the charge transfer from
the Si atoms and the surface cations to the vacancies. Plus (+) and minus
(-) symbols schematically represent the charge distribution after the charge
transfer and the solid arrow indicates the direction of the dipole moment.
Thus, we conclude that the anti-surfactant effect of Si in the growth of GaN (0001)
is based on the formation of a single monolayer of SiGaN3 buried in the subsurface.
The presence of this buried and electrically active layer shifts the chemical potential
at the GaN surface and thus inhibits further growth. This shift of the chemical poten-
tial originates from the dipole moment caused by charge transfer between the surface
cation dangling bonds to the acceptor states of the Ga vacancies in the electrically
active buried monolayer. Eventually, the growth of thick GaN layers occurs initially
exclusively at locations where the SiGaN3 layer is not present, e.g. at surface steps or
at holes in the SiGaN3 mask and proceeds then by lateral overgrowth.
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6. Summary and conclusions
In this work we have investigated mainly by means of transmission electron micro-
scopy the following two aspects that are of particular importance in the growth of
heteroepitaxial GaN layers: Plastic relaxation processes in strained (0001) III-nitride
films and the effect of silicon, as the donor of choice in GaN, on the surface morpho-
logy in the epitaxial growth of (0001)-oriented GaN films. Our studies have revealed
the following main results:
Mechanism of plastic relaxation of strained (0001) wurtzite films:
Our experimental results reveal that efficient plastic relaxation of strained (0001)-
oriented wurtzite films proceeds mainly by nucleation and glide of a-type misfit dislo-
cations in the 13 < 1120 > |{0001} slip-system. Our experimental observations and
theoretical considerations show that other mechanisms like the inclination of pre-
existing a-type threading dislocations and formation of a+c-type misfit dislocations
are kinetically inhibited and their contribution to plastic relaxation of strained (0001)-
oriented wurtzite heterostructures is typically of minor importance. Nucleation of a-
type misfit dislocations is, however, due to the particular slip geometry of the wurtzite
lattice, suppressed for (0001)-oriented thin films, as long as they are grown with a
perfect 2-dimensional morphology. In this case the films are in a plane stress condi-
tion and therefore the resolved shear stresses on the {0001} slip planes, necessary for
dislocation nucleation and glide, are zero. In case the surface of the strained films un-
dergoes a transition towards a 3-dimensional surface morphology (e.g. due to island
growth, cracking, the presence of macroscopic surface steps or surface pits), the strain
redistributes, leading to resolved shear stresses on the {0001} planes and a-type misfit
dislocations may form in the basal plane.
Quantitative modelling of the plastic relaxation process
With the help of our experimental results and numerical calculations using the fi-
nite element method we have developed a quantitative model for plastic relaxation of
(0001)-oriented strained wurtzite films. In contrast to previous work in literature (e.g.
Holec et al. [34, 121]) our model considers the crucial process of misfit dislocation
formation, i.e. nucleation and glide of a-type dislocation half-loops. Critical thickness
values predicted by our model are in excellent agreement with our experimental results
and those of other authors. However, the main benefit of our model is that it allows to
understand quantitatively how plastic relaxation is linked to the growth process of the
film. Our analysis reveals that the critical thickness for the onset of plastic relaxation
of strained (0001)-oriented wurtzite films depends next to the strain also essentially on
the surface morphology, i.e. the growth mode, of the film. For a given strain, a-type
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dislocations nucleate at the corners of growth islands at lower layer thicknesses than at
the tip of cracks in a 2-dimensionally grown but cracked layer.
Conclusions for optimised growth conditions
As mentioned before, the choice of growth parameter affects the growth mode of the
film and thus also the strain relaxation behaviour. Depending on the desired goal,
different growth strategies should be applied. If one aims for a pseudomorphic het-
erostructures with maximum thickness, growth conditions favouring a 2-dimensional
morphology should be chosen. In case of compressively strained layers it is thus pos-
sible to deposit pseudomorphic layers up to thicknesses that are more than one order of
magnitude higher than equilibrium critical thickness theory (e.g. Matthews-Blakeslee-
model) predicts. In contrast to that, if one aims for efficient plastic relaxation of misfit
strain for the lowest possible layer thickness, e.g. at the AlxGa1-xN/GaN buffer in-
terface in case of strain-engineering with AlxGa1-xN interlayers, then 3-dimensional
growth is favourable.
Strain-engineering with AlxGa1-xN interlayers
Strain engineering in GaN films by means of AlxGa1-xN interlayer is based on an
asymmetry in plastic relaxation between the two interfaces of AlxGa1-xN interlayers.
Although misfit dislocation networks form at both interfaces of the interlayer, the smal-
ler average spacing of dislocation lines at the lower interface of AlxGa1-xN interlayers
compared to that at the upper one finally leads to a build-up of compressive strain in the
subsequent GaN layer. Our studies reveal that this phenomenon occurs qualitatively
independent on growth parameters of the AlxGa1-xN interlayer such as the thickness
and deposition temperature. However, as shown in this work, different deposition tem-
peratures of the AlxGa1-xN interlayer might change its growth mode. This in turn, as
discussed before, influences the critical thickness for the onset of plastic relaxation of
the AlxGa1-xN interlayer and the degree of strain relaxation at a given thickness. To
achieve a build-up of compressive strain in the subsequent layer at all (or a certain
amount of compressive strain) thicker AlxGa1-xN interlayers are required if they are
grown 2-dimensionally instead of 3-dimensionally, e.g. if higher deposition temper-
atures are chosen. This fact might explain why in some of the earlier work (see e.g.
Ref. [28, 29]) it was assumed that thin high temperature AlxGa1-xN interlayer are not
suitable for strain-engineering. However, not only that strain-engineering is possible
with high temperature AlxGa1-xN interlayer as well they have the potential advantage
to result at the end in a smaller threading dislocation density in the subsequent GaN
film than in case of 3-dimensionally grown low temperature AlxGa1-xN interlayers.
Effect of Silicon on the epitaxial growth of GaN (0001)
Silicon delta-doping of the GaN (0001) surface leads to the growth of a coherent sub-
monolayer that corresponds with respect to the GaN lattice to a
√
3×√3R30° re-
construction where the three cation positions are occupied by a silicon and a gallium
atom and a gallium vacancy. Accordingly the stoichiometry of this layer is SiGaN3.
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Since growth of thick GaN layers directly on top of the SiGaN3-monolayer (commonly
called SiNx-mask in the literature) is inhibited a transition towards 3-dimensional is-
land growth occurs. GaN islands exclusively nucleate at windows not covered by the
SiGaN3-monolayer and growth then proceeds laterally over the SiGaN3-monolayer. A
high concentration of silicon on the GaN (0001) surface thus acts as an anti-surfactant
in the epitaxial growth of GaN. Our density functional theory calculations reveal that
the blocking of direct growth of thick GaN layers on top of the SiGaN3-monolayer is
caused by a shift of the chemical potential at the GaN (0001) growth surface. This shift
of the chemical potential originates from a dipole moment caused by charge transfer
between the surface cation dangling bonds and the acceptor states (Ga vacancies) in
the electrically active SiGaN3-monolayer. Since this energetically unfavourable dipole
moment would increase with each additional GaN monolayer direct nucleation of thick
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A. Coherent elastic scattering
We will now consider coherent elastic scattering of an incident plane wave with the
periodic potential of a crystalline specimen. Since this scattering process essentially
relies on the wave nature of the incident beam and moving electrons as well as photons
can be regarded as waves, the basic principles of coherent elastic scattering can be
applied to electron and X-ray diffraction. The process is schematically depicted in
Fig. A.1 (a). Assume that a plane wave with an amplitude A0 and wave vector k⃗0 is
incident upon a crystal







The periodically arranged atoms scatter the incident wave and according to Huy-
gens’ principle the atoms can be considered as a source of secondary spherical wave-
lets (indicated by light grey circle segments in Fig. A.1 (a)). The scattered waves can
be expressed by




where R is the distance from the scattering centre and f (θ) is the so called atomic
scattering amplitude, which is a measure for the scattering strength as a function of
the scattering angle θ . These spherical waves then spread out and superimpose on
each other either constructively or destructively. In the far-field the amplitude of the
resulting new wave will peak only if the difference in the path length between spherical
waves emitted from atoms of adjacent planes is an integer multiple of the wavelength
λ . In this case the amplitudes of different spherical waves are added constructively.
This criterion is well known as Bragg’s law and can be expressed by
2dhkl sinθ = nλ , (A.3)
where n is an integer number and dhkl is the interplanar spacing of the (hkl) lattice
planes (see Fig. A.1 (a)). The analogue of Bragg’s law in the reciprocal space is the
equation
k⃗g− k⃗0 = g⃗, (A.4)
where k⃗g and k⃗0 (with
⏐⏐⏐k⃗g⏐⏐⏐ = ⏐⏐⏐k⃗0⏐⏐⏐ = 1λ ) are the wave-vectors of the diffracted and in-
cident beam and g⃗ is the diffraction vector (|⃗g| = 1dhkl ). This equation states that the
condition for diffraction to occur is that the change of the wave vectors must be a
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A. Coherent elastic scattering
Figure A.1.: Schematic representation of diffraction of a plane wave at a crystal (a) in
the real space and (b) in the reciprocal space. In (a) grey balls and ho-
rizontal grey lines denote atoms and planes at which the incident wave
is diffracted. Light grey lines and circle segments represent wave fronts
of the incident and scattered spherical waves, respectively. Black arrows
indicate the direction of the wave vectors of the incident and diffracted
beam. In (b) grey spheres denote reciprocal lattice points of a crystal-
line specimen. Black arrows indicate the wave vector of the incident (k⃗0)
and diffracted beam (k⃗g) and the diffraction vector (⃗g), respectively. The
dashed black line represents the Ewald sphere which has a radius of 1λ .
The reciprocal lattice point labeled with "0" denotes the origin of the re-
ciprocal lattice.
reciprocal lattice vector. Thinking in terms of the Ewald construction1 the Bragg con-
dition will be satisfied if the Ewald sphere passes through a reciprocal lattice point (see
Fig. A.1 (b)). Note that in case of thin films the reciprocal lattice points are elongated
along the direction of the film normal and diffracted beams, whose corresponding re-
ciprocal lattice rods are cut by the Ewald sphere, will still have some intensity even if
the Bragg condition is not exactly satisfied for the respective lattice planes.
1For the Ewald construction a sphere with radius of 1λ is drawn through the origin of the reciprocal
lattice (denoted by “O” in Fig. A.1 (b)). The centre of the Ewald sphere is given by the wave vector
of the incident beam which points to the origin of the reciprocal lattice. A tilt of the lattice/incident
beam corresponds to a rotation of the reciprocal lattice/Ewald sphere around the origin of the recip-
rocal lattice, respectively.
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B. Details of the finite element
calculation
Figure B.1.: Models used for finite element calculations. The AlxGa1-xN film on top of
the GaN quasi-substrate has the geometry of (a) crack network, (b) isol-
ated hemispheric island, (c) isolated hexagonal truncated pyramid and (d)
hexagonal islands with full surface coverage. According to the experi-
mental results we add a thin wetting layer underneath the islands in the
case of the models (b)-(d). Using the symmetrie of the structure it is suf-
ficient to calculate only a part of the full structure (the dark grey shaded
areas in (b)-(d)).
The finite element analysis has been performed with the COMSOL Multiphysicsr
software package version 4.2 a. The geometry of the models, which we consider for
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B. Details of the finite element calculation
the calculations in section 4.3.2, is depicted in Fig. B.1. Parameters like the depth
of the cracks, shape of islands, inclination angle of islands side-facets and the width-
to-height aspect ratio have been systematically varied (see Table B.1 for an overview
about the considered parameter range). The thickness of the GaN quasi-substrate has
been chosen to be at least 10 times larger than the thickness of the AlxGa1-xN film.
The models are meshed with typically 100000 tetrahedra, whereby the element size
at boundaries and edges is typically 10-50 times finer than in the matrix. The side
surfaces of the cells have to satisfy the constraint of symmetric boundaries (i.e. the
geometry and mechanical loads have to be symmetric across the surface). All the other
surfaces like the top surfaces, island side-facets and crack facets are free to relax. To
account for the anisotropy of the material we have implemented anisotropic properties
in our finite element calculations. The elastic stiffness tensor C, which connects the
stress-tensor σ and the strain-tensor ε according to (using the Voigt notation)




C11 C12 C13 C14 C15 C16
C21 C22 C23 C24 C25 C26
C31 C32 C33 C34 C35 C36
C41 C42 C43 C44 C45 C46
C51 C52 C53 C54 C55 C56






+29 · x +2 · x +5 · x
135 367 103
0 0 0
+2 · x 29 · x +5 · x
103 103 405
0 0 0














where x is the AlN mole fraction in AlxGa1−xN alloys. The full set of elastic con-









































































































































































































































































































C. Analysis of the AlxGa1-xN
interlayer composition
Quantitative modelling of the relaxation process (e.g. determination of the critical
thickness for cracking and the onset of plastic relaxation) requires the knowledge
of the composition of the AlxGa1-xN interlayer. As the actual composition of the
AlxGa1-xN interlayer can deviate from the nominal value, an experimental verification
of the composition is necessary. It has been reported that the interlayer can contain a
significant amount of gallium even if they have been grown as nominal pure AlN inter-
layer [26, 29]. A possible reasons for this could be, especially in the case of very thin
interlayer, the presence of residual Ga-precursors in the gas ambience in the MOVPE
reactor.
In this work we use two different methods to determine the real composition of
AlxGa1-xN interlayers - local strain analysis from HR(S)TEM images and quantitat-
ive evaluation of STEM-HAADF intensities. In the following we will use these two
methods to evaluate exemplarily the composition of a 11 nm thin high temperature
AlxGa1-xN layer (see Fig. 4.2 on page 65). This sample offers the advantage that
the AlxGa1-xN layer is not plastically relaxed and has grown 2-dimensionally with an
atomically flat surface. Thus the strain-state of the AlxGa1-xN interlayer is laterally
almost constant (except in the near vicinity of cracks). Otherwise, locally varying
strain fields around misfit dislocations or island edges would either directly (in case
of HR(S)TEM strain mapping) or indirectly (STEM-HAADF intensity via changing
electron channelling conditions) affect the composition analysis.
C.1. Strain analysis from high resolution
(S)TEM lattice images
A local strain analysis can be performed by evaluating high resolution TEM and STEM
lattice images. This can be done either as a real space or Fourier space approach. In the
first case (see e.g. Ref. [162, 181, 182]) the strain analysis is based on the following
steps: (i) intensity maxima/minima corresponding to atomic columns are identified in
the image by a peak finding algorithm, (ii) the distances between the image intensity
maxima/minima are measured (iii) which provides the local in-plane and out-of-plane
lattice parameter/strain state, respectively. In case of the Fourier space approach the
local strain is obtained by the following steps [183]: (i) a small mask is placed around
a reflection in the Fourier transform of an HRTEM lattice image, (ii) an inverse Fourier
transform is performed, (iii) the phase of the resulting complex image is determined;
changes of the phase correspond to local displacements of atomic planes, and (iv) the
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C. Analysis of the AlxGa1-xN interlayer composition
Figure C.1.: Quantitative composition analysis of an AlxGa1-xN interlayer by means of
strain mapping by geometric phase analysis at the heterointerface between
a 11 nm thin high temperature Al0.75Ga0.25N layer and GaN buffer.(a)
HRTEM and (b) HRSTEM-HAADF images. Both images are on the same
lenght scale. The insets show the out-of-plane strain εzz.
derivative of the phase gives the local strain. This method is known as geometric phase
analysis (GPA) and has been proposed by Hÿtch et al. [183]. The composition of
the AlxGa1-xN interlayer is finally calculated by means of Vegard’s law and assuming
biaxial/uniaxial distortion [184], respectively.
Fig. C.1 shows the result of a geometric phase analysis of high resolution TEM
and STEM images. We obtain consistent results for both cases. The strain analysis of
the HRTEM image yields an average composition for the 11 nm thin high temperature
AlxGa1-xN layer of x= 0.73±0.06 while the strain analysis of the HRSTEM-HAADF
image gives an average composition of x = 0.7± 0.1. Notably, an Al-rich region in
the upper part of the AlxGa1-xN layer (see blue horizontal layer in Fig. C.1) with a
composition of x= 0.90±0.04 is seen in both strain maps. The errors are given by the
standard deviation of the fluctuations in the GPA result.
C.2. Quantitative analysis of STEM-HAADF
image intensities
In the past years there have been several reports in literature [77, 167, 185, 186] which
demonstrate a quantitative composition analysis of heterostructures by evaluating the
intensity of STEM-HAADF images. STEM Z-contrast can thus be used as a comple-
mentary technique to strain analysis methods. Following the approach of LeBeau et
al. [170, 171], quantitative STEM imaging is based on a normalisation of the measured








where Ivacuum is the vacuum intensity (i.e. the detector signal when the electron
beam is not scattered onto the detector at all). The intensity of the incident probe
Iprobe can be easily measured by placing the unscattered direct electron beam on the
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C.2. Quantitative analysis of STEM-HAADF image intensities
Figure C.2.: Quantitative composition analysis of an AlxGa1-xN interlayer by means
of the STEM-HAADF image intensity. (a) STEM-HAADF image of the
heterointerface between a 11 nm thin high temperature AlxGa1-xN layer
and GaN buffer (same image as before in Fig. C.1(b)). (b) Intensity ratio
to GaN.
HAADF detector (usually the direct beam is centred in the inner hole of the HAADF
detector). To obtain correct results, it is important that the detector pre-amplifier and
analog-to-digital converter system do not cut off the vacuum level and also do not
saturate for higher intensities. The experimental normalised intensity of the layer or its
intensity ratio towards a reference material can then be compared with frozen phonon
simulations [64, 168, 169] to determine the composition of the heterostructure. For
the case of AlxGa1-xN/GaN heterostructures this has been demonstrated by Rosenauer
et al. [167]. Including also static displacements of individual atoms in the AlxGa1-xN
alloy into the HAADF simulations Schowalter et al. [187] reported a good quantitative
agreement between the composition analysis by means of STEM-HAADF and other
methods with errors typically not more than a few %.
Such composition evaluation has been performed exemplarily for the same sample
as before, i.e. a heterostructure of a 11 nm thin high temperature AlxGa1-xN interlayer
grown on a GaN buffer. Fig. C.2 (b) shows the ratio of the measured intensity (lat-
erally average over the field of view in Fig. C.2 (a)) with respect to the intensity of
the GaN background. The error bars correspond to the uncertainty in fitting the back-
ground. According to the work by Rosenauer et al. [167] and Schowalter et al. [187]
we calculate an average composition of the AlxGa1-xN layer of x= 0.77±0.09 and for
the Al-rich region in the upper part of the AlxGa1-xN layer (appears as darker layer)
x= 0.93±0.05. These results are in good agreement with that of the strain analysis.
A systematic evaluation of the composition of AlxGa1-xN interlayer from other
samples has revealed that the average aluminium content of AlxGa1-xN interlayer
amounts typically to x= 0.75±0.05.
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D. Nucleation of dislocations
The theory of homogeneous nucleation of dislocation half-loops at free surfaces has
been considered e.g. by Hirth [188], Matthews et al. [147], Fitzgerald et al. [189]
and Beltz and Freund [129]. The basic idea of this concept is rather simple and is
based on an energy minimisation approach. A dislocation is nucleated if the release of
strain energy stored in the film is larger than the energy of the nucleated dislocation.
Hereinafter we will follow the approach of Beltz and Freund [129]. In their model it is
assumed that the nucleated dislocations are semi-circular. The energy of the half-loop


















where µ is the shear modulus, ν is Poisson’s ratio and m is a geometry dependent
correction factor (0 < m< 1). According to Beltz and Freund [129] the correction
factor yields for a Poisson’s ratio of ν = 0.21 the value of m≈ 0.535.
The elastic energy released by the half-loop is the work done by the stress field
σij (2nd-order tensor) while moving the dislocation with Burgers-vector b⃗ and line
direction d⃗l the distance d⃗s. It is calculated according to
Egain =
ˆ
σij · b⃗× d⃗l · d⃗s. (D.2)
If σij is spatially constant, the energy gain due to introduction of a half-loop with
radius r amounts to
Egain =−π2 r
2 τb, (D.3)
where τ is the resolved shear stress, which acts on the dislocation. In the case of
biaxially strained, isotropic films τ is given by
τ = 2µ
1+ν
1−ν ε cosα cosβ + τext (D.4)
where ε is the strain of the film, α is the angle between the Burgers-vector and the
direction in the strained interface, perpendicular to the dislocation line, β is the angle
between the slip plane and the normal of the strained interface and τext is a possible
external resolved shear stress on the relevant slip-plane. The term
cosα cosβ = S (D.5)
in eq. (D.4) is the so-called the Schmid-factor S [179]. It defines the resolved shear
stress, which acts on a dislocation in a given slip system caused by the misfit stress [132].
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Figure D.1.: Schematic representation of the total energy Etotal as a function of the
dislocation half-loop radius r for increasing resolved shear stress τ . For
the case of the lowest shear stress (red curve) the energetical barrier for
nucleation of the half-loop Enucl is indicated in the graph.
If the Burgers-vector of the half-loop has a component perpendicular to the surface,
where the half-loop is nucleated, then a ledge will be created or removed at the surface
and the energy associated with this ledge is given by [189]
Eledge =±µ4 r b
2 cosγ , (D.6)
where γ is the angle between Burgers-vector and the surface normal. A positive/negative
sign means creation/removal of a ledge, respectively. The sum of all three energies
gives the total energy of the system. Its evolution with the radius of the half-loop is
schematically shown in Fig. D.1. The total energy is 0 for r = 0, then increases to a
local maximum for r= rcrit and for r> rcrit the half-loop becomes unstable against en-
largement and the total energy Etotal decreases as the radius of the half-loop increases.
The total energy at the critical radius of the half-loop defines the energetical barrier
(activation energy) for nucleation Enucl of the half-loop
Enucl = Etotal(rcrit) (D.7)






The critical radius as well as the nucleation barrier decrease for increasing shear
stress τ (see Fig. D.1). Therefore, one can also calculate the critical shear stress τcrit
for which spontaneous nucleation and enlargement of the half-loop will occur. This
144













If the local shear stress τ is lower than the critical value τcrit nucleation of half-
loops can be considered as a thermally activated process with an energy barrier of
Enucl . The nucleation rate (number of nucleated half-loops per time) then depends on
the temperature during the growth of the film and the resolved shear stress [189].
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E. Density functional theory
calculations
In order (i) to account for relaxation of bonds of assumed structural models and (ii)
to investigate and explain the self-limited growth and the anti-surfactant effect of the
SiGaN3-layer we have performed first principles projected augmented wave calcula-
tions within density functional theory (DFT) for a variety of models and compared
the surface energies of these reconstructions. The calculations have been performed
by Liverios Lymperakis and Jörg Neugebauer at the Max-Planck-Institut für Eisen-
forschung (MPIE) in Düsseldorf.
For the DFT calculations we have used the Vienna ab-initio simulation package
(VASP [190, 191]). Exchange and correlation have been described within the general-
ized gradient approximation. The surfaces have been modelled using a slab geometry
consisting of 9 GaN monolayers and a vacuum of thickness equivalent of 11 Å. Peri-
odic boundary conditions have been applied. The anion dangling bonds at the bottom
side of the slab have been passivated by partially charged pseudo-hydrogen. The plane
wave cut-off has been set to 500 eV and the Brillouin zone has been sampled by an
equivalent 4×4×1 Monkhorst-Pack mesh for the √3×√3R30° unit cell. Relaxation
of the lattice along the ⟨0001⟩ direction has been fully taken into account.
The surface energy per unit area A of each reconstruction has been calculated ac-
cording to




where Ecelltotal is the total energy of the cell obtained from the DFT calculations, ni is
the number and µi is the chemical potential of the involved atomic species i. Note that
due to the absence of an inversion symmetry in the wurtzite lattice we can not calculate
absolute surface energies for the (0001) planes. Instead we use relative values with the
clean Ga-terminated (0001) surface as a reference.
From eq. (E.1) one can see that the surface energies are dependent on the chemical
potentials of all involved species. For the present case we consider gallium, nitrogen,
silicon and hydrogen in our calculations. The chemical potentials, in turn, vary with
the chosen growth parameters like the partial pressure of the respective species and
the temperature. However, in order to avoid that the system becomes unstable against
formation of elementary phases of involved species, their chemical potentials have to
obey the boundary conditions
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µGa ≤ µGa bulk
µSi ≤ µSi bulk
µN ≤ 12µN2 molecule
µH ≤ 12µH2 molecule .
(E.2)
For the analysis of the surface reconstructions during the Si treatment of the GaN
(0001) surface a further limitation for the chemical potentials can be deduced from the
following consideration. Since during this process the Ga-flux is off but a sufficiently
high ammonia flow (i.e. a supply of active nitrogen) is kept to avoid GaN decom-
position, we neither expect a significant positive nor negative growth of GaN. Hence
we assume the surface to be in thermodynamic equilibrium with bulk GaN under N-
rich/Ga-poor conditions. For the studies of the anti-surfactant effect where we deposit
additional GaN monolayers on top of the SiGaN3-interlayer we also assume, corres-
ponding to typical MOVPE growth conditions, thermodynamic equilibrium with bulk
GaN under N-rich/Ga-poor conditions. For the given situation the N and Ga chemical
potentials are thus given by
µN− 12µN2molecule = 0 , (E.3)
µGa−µGa bulk+µN− 12µN2 molecule ≤ H
GaN bulk
f =−1.25 eV [37]
µGa−µGa bulk =−1.25 eV.
(E.4)
To mimic and to understand the growth process during the Si treatment, first prin-
ciples calculations of a large variety of n
√
3×m√3R30° (n,m = 1,2) as well as or-
thogonal n×m (n,m= 2,4) Si covered GaN (0001) surface reconstructions have been
performed. Following is a list of all surface reconstructions considered for this pur-
pose together with their relative surface energies for Si-rich and N-rich (= Ga-poor)
conditions and for a hydrogen chemical potential of µH− 12µmoleculeH2 =−1.0 eV 1. Ad-
sorbates like H, NHx (x≤ 3), which have been reported for hydrogenated GaN (0001)
surfaces [175], have also been been included in the calculations. These adsorbates
are distributed on the surface to obey the electron counting rule. The nomenclature
n[A]@B in Table E.1 denotes n times adsorbate A (A: H, NH, NH2 or NH3) bound to
n surface atoms B (B: Ga, Si, or N). Grey shaded rows in Table E.1 indicate structures
with
√
3×√3R30° periodicity which have a SiGaN3 stoichiometry. Additionally we
included surface reconstructions without Si in our calculations to allow a comparison
with previous literature studies.
1According to Van de Walle and Neugebauer [175] the hydrogen chemical potential amounts to ap-
proximately this value for a growth temperature of about 1000°C and typical pressures in MOVPE
experiments.
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3×√3 no adsorbate -1.452
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E. Density functional theory calculations
2×2 1Si+1VGa/2×2 1[H]@N+1[H]@Ga+1[H]@Si -0.754√






2×2 1Si+1VGa/2×2 1[H]@Si -0.686















2×2 1Si+1VGa/2×2 1[H]@Ga -0.522
2
√
3×2√3 2Si/√3×√3 8[H]@Ga+1[H]@Si -0.519





3×√3 12[H]@N + 1[H]@Si -0.467















3×√3 1Si/√3×√3 no adsorbate -0.385








































2×2 no SiNx-mask [Nad-H]+[NH2], see Ref.[175] -0.207
2×2 no SiNx-mask N-Adatom, see Ref.[176] -0.198
2×2 no SiNx-mask 3[Ga-H], see Ref.[175] -0.151
2×2 no SiNx-mask [NH3]+3[NH2], see Ref.[175] -0.104
2×2 no SiNx-mask [NH3]+3[GaH], see Ref.[175] -0.068
2×2 no SiNx-mask Ga-Adatom, see Ref.[176] -0.048√
3×√3 1Si+1VGa+1NGa/
√

















3×√3 no adsorbate 2.719
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